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ABSTRACT.
A TEM study of the plastic deformation around indentations made in 
Ga A1 As of various compositions ranging from x=0 to 0.3 i.e. 0 to 30%A1(l-x) X
is described in this work. The GaAlAs examined was in the form of capping
layers grown on the {001} face of GaAs substrates. The indentations were
made with a load of 5g at room temperature using a Vickers diamond indenter
with its diagonals parallel to the <110> directions. Slip dislocations and
microtwins were seen around the indentations in the TEM. The slip
dislocations extend far into the crystal whereas the microtwinning is
concentrated closer to the indentation. The occurrence of microtwinning has
been found to be more dependent on the type of doping rather than the Al
concentration. In n-doped crystals microtwinning occurs asymmetrically
around the indentations where as when p-doped they occur more symmetrically.
For n- and p-doping the leading twinning dislocations are As and Ga(g) (g)
respectively. In n-doped GaAlAs microtwinning occurs predominantly on slip 
planes that converge under the indent. In p-doped GaAlAs microtwinning 
occurs on both converging and diverging slip planes. All the microtwins are 
formed from intrinsic overlapping stacking faults.
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CHAPTER 1
INTRODUCTION.
GaAlAs and GaAs have almost identical lattice parameters. This means that 
interfaces of very high quality can be formed which enables semiconductor 
lasers to be produced with GaAlAs acting as both the wave guide and part of 
the electronic device. GaAs forms the laser stripe. The manner in which 
dislocations form and move in GaAs and GaAlAs can have an enormous effect on 
the reliability and efficiency of any lasers produced. As a first step in 
addressing this problem the dislocation configurations formed by indenting 
various compositions of GaAlAs have been investigated. Under normal 
conditions at room temperature GaAs and GaAlAs are brittle materials. They 
can, however, be made to deform plastically when indented.
The highly covalent nature of the bonding in GaAlAs and other III-V 
semiconductors makes it possible to construct models for the dislocation 
structures. In chapter 2 these models and the results of work on the 
dislocation velocity, plastic deformation and twinning of III-V 
semiconductors and particularly GaAs are reviewed. The different 
compositions of GaAlAs examined in this work were in the form of capping 
layers grown on GaAs substrates. In chapter 3 the actual compositions, which 
included different concentrations of Al and both n- and p-type doping, are 
examined and the experimental methods used are described. The results of the 
TEM examination of indentations in the various alloys of GaAlAs are given in 
chapters 4,5&6. All the specimens examined, except for some of 30%A1 n-doped 
GaAlAs, were unannealed. This means that the TEM is made more difficult 
because of the unrelaxed strains around the indentation but should enable a 
truer picture of the dislocation configuration around the indentation to be 
obtained. Chapter 4 contains the results of a general examination of the 
dislocation configurations around indentations in the various GaAlAs alloys. 
A preferential etch has been used in order to enable all the different
samples to have the same crystallographic orientation and can therefore be 
compared directly. In chapters 5&6 the results from a more detailed 
examination of the occurrence of microtwins is given. This includes both the 
changes in positions where microtwinning occurs around the indentation as 
the Al concentration and doping are varied and a determination of the nature 
of the overlapping stacking faults which form the twins plus the Burgers 
vector and position of the extra half-plane of the twinning partial 
dislocation. In chapter 7 these results are discussed with reference to 
those of other workers.
The use of the simple indentation method enables the plastic deformation 
mechanisms in SI GaAs and GaAlAs to be examined at temperatures where they 
are usually brittle. The final chapter of this work includes the conclusions 
from the results of this study and suggestions for further work.
CHAPTER 2 .
LITERATURE REVIEW
2.1 DISLOCATIONS IN III-V COMPOUND SEMICONDUCTORS.
The plasticity of semiconductors (SC) has been under study for the past 
thirty years. Initially the elemental semiconductors (ESC) Germanium (Ge) 
and Silicon (Si) were of greatest interest but in the past 15 years the 
III-V compound semiconductors (CSC), particularly Gallium Arsenide (GaAs), 
have also become of interest.
The SC crystal growers ability to produce pure crystals with a low defect 
density means that individual dislocation velocities can be related to the 
macroscopic properties obtained from mechanical tests. The temperature 
dependence of the flow stress is so great in these crystals that their 
behaviour can be changed from being totally ductile to brittle. These two 
factors have lead to these crystals being viewed as model materials.
The aim of this review is to summarise the results of this work on 
dislocations particularly from GaAs, but referring to Si and Ge where 
appropriate. Before considering the dislocation structure and dynamics in 
the real crystals the crystallography of SC and appropriate geometrical 
dislocation models are considered.
2.2 THE CRYSTAL STRUCTURE OF GaAs.
An ESC such as Ge, Si, or diamond carbon has the diamond cubic structure. 
This consists of two interpenetrating fee lattices which are offset from 
each other by 1/4 of the cube diagonal. Each atom is bonded to its four 
nearest neighbours, which are at the corners of a tetrahedron, by a (sp)^ 
covalent bond, a unit cell and {110} projection are shown in figure 2.1.
This structure can also be thought of as a fee lattice with two atoms per 
lattice point. GaAs and most other III-V CSC have a crystal structure 
analogous to the diamond structure of the ESC but the fee lattice has an A-B 
molecular unit at each lattice point, where A and B is used to represent the 
three and five valent atom type respectively. This is called the zincblende 
or sphalerite structure. Figure 2.2 shows the unit cell and {110} 
projections of the zincblende structure. When compared with the diamond 
structure it is apparent that each of the atom types form one of the 
interpenetrating fee lattices, one type, for example A, at (000) and B at 
(1/4 1/4 1/4) . Each atom possesses four nearest neighbours of the opposite 
type which form the corners of a tetrahedron. Since bonds in this structure 
are between different atoms, which therefore have a different electron 
affinity the covalent bond formed will now be partly ionic in character.
2.3 GEOMETRICAL DISLOCATION MODELS.
The glide system for the diamond and zincblende structure is the same as for 
the fee metals. The perfect Burgers vector is ^<110> and the slip planes 
{111}. In describing dislocations the most useful projection is normal to 
the <110> directions because the slip planes are then horizontal. Figure 
2.1b and 2.2b show this projection for the diamond and zincblende structure 
respectively. The packing order can immediately be deduced, since the {111} 
planes are horizontal. Instead of the simple I, II, III sequence for fee 
metals the diamond and zincblende structures have double the number of 
planes, which gives a sequence I I ,  II 2, III 3. This nomenclature is used, 
rather than the ABC notation to avoid confusion with the A and B atom types. 
In the CSC, consecutive {111} planes have a different atom type. In figure 
2.2b, for example, layer II is the A-type and Layer 2 is the B-type.
This doubling of the {111} slip planes leads to a characteristic variation 
in their separation. The planes I 1 are widely separated while the pair 1 II
have a smaller separation. This variation in separation of the slip planes 
means there are two positions for a dislocation half-plane to end, either 
between the widely spaced pair, which is called a "shuffle" type 
dislocation, or between the close pair the so called "glide" type 
dislocation. The difference in the core structures of these two dislocation 
types is illustrated in figure 2.3. The model shown was first proposed by 
Hornstra [1] to represent dislocations in the diamond structure. The diagram 
in figure 2.3 has been modified to show the zincblende structure. 
Dislocations tend to lie along <110> directions, when the dislocation
density is low, since these directions correspond to the lowest energy wells
of the Peierls potential. At higher stresses dislocation interactions can 
cause the dislocation line to deviate from these low energy valleys. 
Hornstra analysed geometrically two dislocations in particular, the 60° and 
the screw dislocation. These are the most common dislocation type since the 
relationship between the <110> line direction and the Burgers vector, also 
in a <110> direction, can be parallel (screw type) or at 60°. In figure 2.3 
the differences between the glide and shuffle set can be clarified. A 60° 
dislocation of the glide set is formed by cutting out the region bounded by 
the surface 1-2-3-4. All the bonds on the vertical faces can be reformed by 
closing the gap created by the removed material. At the horizontal slice 
2-3, however, dangling bonds are left. In ESC bond reconstruction is easy to 
achieve since all the atoms are the same but for CSC reconstruction would 
involve like-like bonding. A model of the glide dislocation in a CSC is 
shown in figure 2.4, without any bond reconstruction. The main feature of 
the 60° glide type dislocation is the termination of the extra half-plane 
between the closely spaced pair of {111} planes. The shuffle type
dislocation, however, terminates between the widely spaced planes. In this
case the slice 1-5-6-4 is removed. Again the vertical faces can be joined 
and the bonds reformed but at the core of the dislocation a row of dangling 
bonds is left, figure 2.5 shows a model of the core of a shuffle dislocation
again with no bond reconstruction.
Unlike the ESC the glide and shuffle type dislocations in CSC have different 
core atoms. In figure 2.3 the core configurations for the glide type, with 
B-type atoms at the core, and the shuffle type with A-type are shown for the 
slice 1-2-3-4 and 1-5-6-4 respectively. If the cut is made from the opposite 
direction the core atom type would be reversed. This means that when the 
sign of the Burgers vector is reversed the core atom type is changed e.g. 
from Ga to As in GaAs.
The nomenclature first used to describe the position of the half-plane used
the a and ^ classification. The a dislocation has an A-type atom in the
shuffle position while the ^ a B-type atom, for the glide set the atom types
are reversed. The relationship between the position of the half-plane and
the core atom type is illustrated in figure 2.6. The a/^ notation has been
replaced more recently by a method which states what the core atom type is
(A or B) together with the finishing position of the extra half-plane (glide
or shuffle) . So for an oc and fi dislocation in the glide position the new
nomenclature is B and A respectively. This was first recommended at(g) (g)
the Hünfeld conference [2] and the a and ft terminology when used will have 
the above meaning.
From geometrical considerations Hornstra [1] concluded that glide takes 
place in the shuffle mode, since the glide position has 3 times as many 
dangling bonds at its core as the the shuffle position. Results from more 
recent TEM experiments in ESC [3], [4] and CSC [5] have shown that
dislocations are dissociated and remain so when moving under the influence 
of the electron beam [6], [7]. In the diamond and zincblende structure, just
as in fee metals, a perfect dislocation can dissociate into two partial 
dislocations with an associated stacking fault between them. A typical 
reaction is:
2 [101]  > |[211] + |[112] in the (111) plane.
The stacking fault can be intrinsic or extrinsic depending on the order of
the partials but in the diamond and zincblende structure the stacking fault 
can only be created in the glide set, a stacking fault in the shuffle set 
would be a high energy fault breaking the tetrahedral order in the 
structure.
As for the 60° and screw dislocations in the diamond and zincblende 
structure particular angular relationships are found between the line 
direction, parallel to the <110> directions where the energy wells are 
lowest, and the Burgers vector. The possible angles between Burgers vectors 
parallel to the <112> directions and line directions parallel to the <110> 
directions are 30° and 90°. The 60° perfect dislocation can dissociate into 
30° and 90° partials of the same core atom type. The screw dislocation 
splits into two 30° dislocations but with different core types because the 
edge character must be zero in the sum. To achieve this the edge portions in 
each must be of opposite sign and therefore the core atoms are different. 
Figure 2.7 shows the half-plane positions for a perfect hexagonal loop and 
for a dissociated one.
With these experimental results it is a simple step to conclude that since 
the stacking faults seen in ESC and CSC are between the closely spaced 
planes, then the dislocations themselves should be of the glide type. Figure
2.8 shows a 60° glide type dislocation dissociated into 30° and 90° 
partials, also in the glide set. Hirth and Lothe [8] were the first to show 
that a dislocation in one set can, by the introduction of a row of vacancies 
or interstitials, be transformed into the other set. In a comprehensive 
recent paper Louchet and Thibault-Desseaux [9] have considered the different 
core structures formed for the 30° and 90° partial dislocations.
They initially used the geometrical method to examine the effect of adding 
either a row of vacancies or interstitials to the 30° and 90° glide type 
partial dislocations. They called the shuffle type dislocation formed by the 
addition of a row of vacancies or a row of interstitials to a glide partial 
a shuffle vacancy type dislocation, S , and a shuffle interstitial type
dislocation. S., respectively- The insertion of a row of interstitials at 
the core of a 90° and 30° glide type partial dislocation is shown in figure 
2.9. Louchet and Thibault-Desseaux pointed out that the large amount of 
dilation at the core of the 90° partial means that it is unlikely to occur 
while there is no prohibitive distortions caused in the core of the 30° 
partial. The removal of a row of atoms to form a S in a 30° glide type 
partial produces three dangling bonds per site while for the 90° glide type 
partial there will be four dangling bonds per site. They compared these 
results with those from energetic calculations and high resolution electron 
microscopy (HREM). They concluded that the 90° dislocation consists of a
glide type core with a few S or S. sites. For the 30° dislocation theV 1
picture is more complicated. They suggest that the core is made up of a
glide type core with a number of both S and S sites on it. They believeV i
both the 30° and 90° partials are unreconstructed in CSC.
2.3.1 SUMMARY OF GEOMETRIC MODELS.
From the consideration of geometric dislocation models the possible bond 
structure at the core of 60° and screw perfect dislocations can be examined. 
The lowest Peierls valleys are parallel to the <110> directions which leads 
to geometric arrays of dislocations, at least when the dislocation 
concentration is low. Experimental results have shown that perfect 
dislocations are normally dissociated. The 60° perfect dissociates into a 
30° and 90° partial and the screw into two 30° partials, with edge parts of 
opposite nature. The stacking fault between these partials can only be 
formed between the closely spaced {111} planes. Most workers have assumed 
that the partial dislocations will therefore be in the glide set position. 
Louchet and Thibault-Desseaux [9] have suggested that the 30° and 90° 
partial dislocations may have a core predominantly in the glide position but 
with some vacancies and interstitials along the dislocation line forming
small regions of shuffle type dislocation. They suggest that these shuffle 
positions offer a possible mechanism for making double kink formation
easier,
2.4 STACKING FAULT ENERGY OF III-V SEMICONDUCTORS
Experimental results have revealed that dislocations in III-V compounds are
dissociated. Methods such as weak-beam TEM on isolated dislocations have
been used to obtain a value of the stacking fault energy (SFE). The table in
figure 2.10a lists the results obtained for the stacking fault energy of
GaAs by various workers. These results show quite good agreement, with an
2average value for the stacking fault energy of GaAs of 48 mJ/m with a 
possible error of ±5mJ/m^. Work on the effect of temperature and doping by 
Nakada and Imura [10] showed that the stacking fault energy had no 
measurable dependence on these variables. They used weak beam TEM to measure 
the separation of dissociated dislocations, the stacking fault energy 
measured on a and |3 type dislocations being identical. They concluded that 
the insensitivity to the doping was due to the dislocation not carrying a 
strong charge and that the separation of the partial dislocations is 
governed solely by elastic forces.
Gottschalk, Patzer and Alexander [5] have introduced a term they called the 
reduced stacking fault energy ) in order to compare the stacking fault 
energy of different CSC. Individual dissociated dislocations were used to 
measure the stacking fault energy (y). k ' takes into account the changes in 
the lattice parameters (a ) for different CSC by considering the area 
available for each A- or B-atom of the {111} stacking fault plane. The 
reduced stacking fault energy is :
v/3 a^  y
  — -4
The table in figure 2.10b lists their results , where they have related "y' 
to the ionicity of the compound. As the ionic character becomes stronger,
becomes smaller. AlAs has an ionicity of 0.274 [11]- Gottschalk et al, [5]
point out that the relationship between ionicity and in CSC is not
consistent with the results for ESC where =52±7meV/atom for Ge and 
41±4meV/atom for Si. Since their ionicity is 0 their y' should be greater 
than the III-V compounds. This anomaly has not been satisfactorily
explained.
The majority of dissociated dislocations in ESC and CSC have intrinsic
stacking faults and have a separation of a few nm. Extrinsic and intrinsic
stacking fault in the same specimens have been reported by Gomez, Cockayne,
Hirsch and Vitek [12] in Si and Ge. The dislocations associated with the
extrinsic stacking fault had a near screw orientation. Two explanations for
these observations were put forward by the authors. Initially they suggested
that the extrinsic stacking fault energy was considerably less than the
intrinsic stacking fault energy, they deduced from their results for the
separation of the two types of fault that y - 0.5y , and thatext int
dislocations glide in the intrinsic configuration and convert to the
extrinsic one when stationary. In a later paper Hirsch [13] suggests that 
vacancies or interstitials can nucleate a dislocation loop on a dissociated 
dislocation causing an extrinsic fault to form. A third explanation [13] was 
that partials are charged sufficiently for an additional repulsive term to 
become important. Nucléation of an extrinsic fault is caused by impurities 
or charged point defects on the dislocation. The occurrence of extrinsic 
faults that are more widely split than intrinsic ones has not yet been 
answered satisfactorily.
2.5 DISLOCATION GLIDE IN SEMICONDUCTORS.
Dislocation glide in ESC and CSC at low temperatures is controlled by the 
Peierls-Nabarro mechanism. The nucléation and migration of double kinks (DK) 
along the dislocations enable a dislocation to move from one Peierls valley
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to the next. Hirth and Lothe [8] have discussed two cases. For a short 
dislocation segment or low kink density, the kinks will move along the 
dislocation line without annihilating each other. In this case the velocity 
is proportional to the length of the dislocation. For longer dislocations or 
higher kink densities, kinks are annihilated before reaching the ends of the 
dislocation. In this case the velocity is proportional to the mean free path 
of kinks. For Si Louchet [14] and Hirsch, Ourmazd and Pirouz [15] 
determined, using in situ TEM experiments, the critical length for this 
transition to be about 0.4pm. For InSb Fnaiech, Reynaud, Couret and Gaillard 
[16] found the critical dislocation length to be 1. 1pm. All of the 
measurements of dislocation velocities have been done on dislocations that 
are greater than the critical length.
Experimental results show that the dislocation velocity (which will be 
considered in more detail in section 2.6) in SC can be expressed empirically 
by the equation;
v=v^ (t ) "^exp (-Q/kT) [17]
where m  and Q are functions of temperature and stress respectively which are 
specific for a given material, t the stress, T the temperature and k 
Boltzmann's constant. The velocity is much more sensitive to the temperature 
than the applied stress. The constants m  and Q are measured to be about 1.5 
and between 1 and 1.5eV for GaAs respectively, although m  varies with 
temperature and Q with stress.
The theories put forward to explain these experimental results have been 
based on a kink generation model. This involves the generation, by thermal 
nucléation, of a double kink on a straight dislocation line that is lying 
along a Peierls valley. Two theoretical models have been used to fit the 
data, these are the abrupt kink model (AKM) [18] and the dragging point 
model (DPM) [19] .
The AKM gives the velocity as :
v=v exp (-E(T)/kT) ;AB
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* 3 , *where E(t )=E + E r - -abrr,K p 4 ^
'(l+i7-3vsin 0)/iab')2
and
87t(l-v) T
The pre-exponential factor v is a constant velocity. E(t ) is theAB
activation energy for the formation of a double kink under an external
stress with the critical separation r , and includes the formation energy E^
of two half kinks and the Peierls energy, which is the height of the
potential hill above the valley, E per unit length of a dislocation line.p
The third term in E(t ) is the elastic interaction between the kinks. The 
distance between neighbouring Peierls valleys is a, which in these materials 
is equal to the planar separation. 0 is the angle between the dislocation 
line and the Burgers vector. In this model the interaction between kinks is 
included.
In the DPM free expansion of kink pairs is restricted by the presence of 
dragging points, such as impurities or other inhomgeneities, which are 
carried along with the dislocation and are a barrier to the expansion of a 
double kink. Assuming the occurrence of kink collision the expression for
the velocity is: 1/2v=v (1+2% /%) expDR d
E -TV T o d
kT T
E^ E + E^ abx
where %   , E =----- -, V=---  .
^ 2abl ° 2 2
Here v^^ is a constant velocity determined by both the frequency factors and
*the average separation 1 between neighbouring dragging points, E is the 
stress independent part of the activation energy for double kink formation,. 
E^ is the energy required for a kink to surmount a dragging point, V is the 
effective activation volume and x is the kink pair separation at the saddle 
point configuration.
Most models used to account for the mobility of dislocations assume a unique 
structure at the core of the dislocation. Louchet and Thibault-Desseaux [9] 
have considered the effect of S and S sites on the nucléation and mobilityi V
of kinks. For reconstructed cores they have suggested that S sites on 30°
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and 90 partials are favourable to both kink nucléation and kink mobility. 
They backed up these results by pointing out that dislocation glide normally 
satisfies two simple criteria;
(i) the ratio b/d^^^, a measure of the lattice friction, must be a minimum 
since the distortion induced by a dislocation of Burgers vector b is spread 
over a small distance between two widely spaced planes;
(ii) the stacking fault energy should be a minimum i.e. between the closely 
spaced {111} planes.
In SC these are conflicting requirements. The lowest lattice friction is for 
dislocations in the shuffle set since these end between the widely spaced 
{111} planes, while the lowest stacking fault energy is in the glide set. 
Louchet and Thibault-Desseaux pointed out that the migration of shuffle 
kinks on a dissociated glide dislocation means that both criteria may be 
better satisfied.
2.6 DIRECT MEASUREMENT OF DISLOCATION VELOCITY IN GaAs.
The most frequently used method to measure dislocation velocity in GaAs is 
the double etch technique. Sato, Takebe and Sumino [20] have used X-ray 
topography, at between 350-500°C, and high voltage electron microscopy HVEM, 
at between 450-800^ to investigate the dynamic behaviour of dislocations in 
n-doped GaAs. They found that the velocities of screw dislocations depend on 
the type of leading partial while ct and ^ dislocations had a jerky manner of 
motion. This means that double etching yields only a mean value for the 
dislocation velocity. The true motion is composed of periods of faster 
motion, in between which the dislocations are pinned by some unknown local 
obstacles. Screw dislocations were found to become very slow in areas which 
are swept by many dislocations. These results mean that there are obstacles 
distributed in the glide plane, which appear to be partly produced by other 
dislocations and point defects.
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The double etching macroscopic mean measurements of velocity are still 
useful, however, since they bring to light interesting trends concerning the 
long range mobility and the role of dislocations in plastic deformation.
2.6.1 UNDOPED GaAs.
The velocity results of most authors have been fitted to the empirical 
relationship;
v=v^ (t ) ”'exp (-Q/kT) [17]
where m  and Q are functions of T and T respectively which are specific to a 
given material, T the temperature and k Boltzmann's constant. This equation 
has proved useful in all SC cases investigated so far. The velocities of a 
and /3 dislocations in undoped GaAs measured by various groups are shown in 
figure 2.11. The table of data in figure 2.11 gives the values of parameters 
v^, m  and Q which were used by Alexander and Gottschalk [21] to calculate 
the velocities for a and p dislocations in figure 2.11 for x=10MPa and a 
temperature range 0.35^T/T ^0.5. Osvenski and Kholodyni [22] give the most 
extensive data on the velocities of screw dislocations. For undoped GaAs 
they fit their data to;
v=v exp(-T /T)exp(-Q /kT)o 1 s
with T -2.3MPa and Q (20MPa) =1. lleV. For 350°C and T=10MPa the velocity of1 s
screw dislocations is about 10 ^m/s. Q decreases from 1.4eV(lMPa) tos
leV(50MPa) . In their material the ratio of velocity of the three basic
dislocations types at 300°C and T=20MPa, the only stress where a direct
comparison can be made, is v ;v„:v =300;9;1. The ratios of v ;v_ from figurecc p s a p
2.11 show the same qualitative result for T=10MPa. The velocity of the screw 
dislocation is at the faster end of the velocities for /3 dislocations in 
figure 2.11. The comparison of these results shows that in undoped GaAs the 
screw and |3 type dislocations are slower than the a type dislocations.
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2.6.2 DOPED GaAs.
The velocity of dislocations is affected by impurity atoms if the
periodicity of the lattice is interrupted by changing the local elastic 
properties (different bonding) or causing misfit strain (different size). 
Impurity concentrations of a few percent are needed to introduce solution 
hardening. In SC there is an additional interaction between dislocations and 
electrically active impurities (acceptors or donors) but this only operates 
at temperatures where the intrinsic carrier density is below the density of 
ionised dopants. Due to the low number of intrinsic carriers in GaAs this so
called "Patel effect" can be expected even at low doping levels. The
concentration of carriers grown into material can be high, for example GaAs 
crystals grown in a boat of quartz usually contain a rather high
concentration of Si atoms, which strongly interact with dislocations. The 
influence of these grown in doping impurities on the Fermi level must be 
carefully considered in addition to any intentional doping.
2.6.2.1 ELECTRICALLY INACTIVE ALLOYS.
The group of elements which are electrically inactive in GaAs include B, Al,
In, N, P and Sb. Of these the greatest interest has been shown in In, since
alloying with In starting at lO^^cm  ^ causes a strong reduction in the
dislocation density in crystals grown by the LEG technique [23]. Bloom and
Woodall [24] have shown that Sb exhibits a similar behaviour to In. The
misfit of In instead of Ga is 7% which is large enough to cause solution
hardening, Ehrenreich and Hirth [25] have suggested that the effective
solute is an InAs, tetrahedral cluster. This reduction in dislocation4
mobility may impede the multiplication of the dislocation nuclei in a 
growing crystal.
The velocities of dislocations in GaAs doped with In have been measured by
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Burle-Durbec, Pichaud and Minari [26], Matsui and Yokoyama [27], and
Yonenaga and Sumino [28], [29]. Matsui and Yokoyama did not find any effect
20 — 3on a or /3 dislocations within 43T<40MPa and an In concentration of 10 cm , 
Yonenaga and Sumino reported all three dislocation types to be only slightly 
slower than in undoped GaAs in the temperature range 350-720°C and for In 
concentrations between 10^^ and 2xl0^^cm ^. For a and screw dislocations, 
however, this was only true above a critical stress t  where they suggest 
that these particular dislocations were unlocked from In clusters. Since the 
grown in dislocations are generated at high temperature and the critical 
stress decreases with increasing temperature, solution hardening should not 
be responsible for a reduction of the grown in dislocation density. In a 
recent review Alexander and Gottschalk [21] have concluded that, at present, 
no single theory seems able to explain the large reduction of the grown in 
dislocation density due to the addition of In.
Yonenaga and Sumino [2 9] have investigated the effects of Al at 
concentrations of lO^^cm  ^ on the dislocation velocities in GaAs. Aluminium 
fits perfectly into the crystal lattice and should not be electrically 
active either. In fact it appears able to lock ^ dislocations, but does not 
effect the dislocation velocity of any of the dislocation types. This is not 
understood at all.
2.6.2.2 ELECTRICALLY ACTIVE DOPANTS.
The effects of electrically active dopants are more complicated than the 
inactive elements.. As well as pinning by impurities which are gettered by 
the dislocation there are the additional changes in mobility due to dopants 
dispersed in the crystal. The latter is likely to be a combination of the 
Patel effect and/or solution hardening. This Patel effect is due to the 
change in the Fermi level caused by ionized impurities. When n-doped the 
Fermi level moves towards the conduction band while for p-doping it will
JL6.
move towards the valence band. These changes in the Fermi level may increase 
or decrease the mobility as described later. The Patel effects of the 
electrically active dopants can be separated from the pinning effects by 
counterdoping. Lagowski, Gatos, Ayama and Lin [30] have applied this method 
to prove that the reduction of grown in dislocations by doping GaAs with Si 
is controlled by the Fermi energy.
In figure 2.12 and figure 2.13 the activation energies for the motion of a 
and (3 dislocations and the dislocation velocities in n and p-doped GaAs 
respectively from various workers have been collected by Alexander and 
Gottschalk [21]. With the exception of high p-doping (p^lO^^cm there is a 
general qualitative agreement between the various workers. For the <% type 
dislocations the addition of either doping type causes a decrease in the 
dislocation velocity with corresponding increases in the activation energy. 
For the (3 type dislocations p-doping increases the velocity but n-doping 
decreases it with a respective decrease and increase in activation energy. 
Yonenaga and Sumino [29] suggest that at high Zn concentrations the 0 
dislocations are strongly pinned which results in high activation energies 
but once unpinned their velocity is higher than undoped GaAs by an order of 
magnitude. They measured the dislocation velocities at higher temperatures 
in an effort to remove the influence of impurity locking. From these results 
Alexander and Gottschalk suggested the following trends : the activation
energies of a dislocations due to p and n-type doping are increased. This 
leads to a reduction of the velocity of oc dislocations by a factor of 1.5 
orders of magnitude for both n and p-type doping; the activation energy for 
/3 dislocations increases with n-type doping, with a corresponding large 
decrease in velocity by 3 orders of magnitude. For p-type doping up to a 
concentration of lO^^cm  ^ the activation energy decreases and the velocity 
increases by 1.5 orders of magnitude. For doping higher than lO^^cm  ^ the 
different results are difficult to relate in a systematic way.
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2.6.3 DISCUSSION.
Alexander and Gottschalk have estimated values for and for the motion
of dislocations in pure GaAs from the data of various workers as shown in
figure 2.12. Their estimates are Q^=(l±0.1)eV and Q^-(1.3±0.1)eV. Workers
have examined three types of GaAs which fall between the extremes of n- and
-p doped. These are semi-insulating, undoped and intrinsic GaAs all of which
have a low charge carrier density. Alexander and Gottschalk point out,
however, that the concentration of impurities and point defects is high and
variable which makes it difficult to obtain values for pure GaAs. They also
fitted the results for undoped GaAs of Erofeeva and Osipyan [31] for the
stress dependence of Q measured for 60°p and 60°a dislocations to the abrupt
kink model (AKM) [18] and obtained a value for the Peierls energy (E ). Fromp
this the Peierls stress (t ) was calculated using the equation:p
T =7tE /ab p p
where b is the magnitude of the Burgers vector and a the minimum distance 
between successive Peierls valleys which is taken as the lattice constant. 
The table in figure 2.14 shows their results. Mihura and Ninomiya [32] 
obtained a value for the activation energy for InSb of 0.88eV for a, 1.7eV 
for (3 and 1.leV for screw dislocations. They tested their results for the 
AKM and DPM but could not reach a conclusion about which gave the best 
agreement. Erofeeva and Osipyan obtained values of 850 and lOOOMPa for a and 
P dislocations respectively for undoped GaAs. For screw dislocations the 
results of Osvenski and Kholodyni [22], for n-type GaAs, do not fit the 
abrupt kink model instead the dragging point model [19] is in better 
agreement. Alexander and Gottschalk [21] have calculated an activation 
energy of 1.23eV from the data of Osvenski and Kholodyni. They point out, 
however, that below stresses of 5MPa the activation energy increases 
strongly, which implies that the abrupt kink model may apply in pure GaAs. 
The activation energy's of the different types of dislocations for InSb and
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GaAs show the same quantitative results with the a type having the lowest 
value, (3 the highest and the screw type in the middle.
Choi, Mihura and Ninomiya [33] compared their velocity results on n- and 
p-doped GaAs with the two theoretical models and found that the fit was good 
for both. They pointed out that the change of activation energy with stress 
was better described by the AKM. The range of stress applied in these
experiments was less than lOMPa so they could not make a conclusion as to
which model agreed the best with experimental results.
The alteration in the Fermi level is the electronic effect caused by adding 
elements from groups III or IV to ESC and elements from groups II, IV or VI 
to CSC. The results from dislocation velocity experiments have shown that 
these doping elements also effect the mobilities of dislocations. Two 
theories have been suggested to explain this electronic effect on 
dislocation mobilities, one by Haasen [34], [35] and the other by Hirsch
[36], [37], [38].
Haasen used the idea of a dislocation charge which could reduce the double 
kink nucléation energy of the dislocation, which depends on the dislocation 
character. The double kink formation energy is decreased because the 
dislocation charge promotes the separation of repulsive charges. The
predicted effect, however, does not have the right order of magnitude [3 9]. 
Hirsch puts forward the theory that the formation of a double kink causes 
accepter E^^ or donor levels to be generated in the band gap. Charged
and neutral kinks are able to exist, the concentration of the charged kinks 
being dependent on the position of the Fermi level. The charged kinks are 
formed by the transition of an electron/hole from the conduction/valence
band to the kink sites. The concentration of neutral kinks is assumed to be 
constant so as charged kinks are produced the total concentration of kinks 
is increased. The Fermi level can effect the velocity of the dislocation in
two ways: the total concentration of charged kinks is directly related to
the Fermi level; the velocity of the kinks may also be charge dependent.
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The velocity is therefore determined by a combination of the energy levels
of the kinks in the band gap together with the change in the Fermi energy
caused by doping. If or are near the middle of the band gap then
dislocations in n- or p-type material should have a greater velocity than in
the intrinsic material, in other words doping with n- or p-type should make
the material softer. If E or E are close to the valence band theka kd
velocity should increase from p- to n-type material. In this case n-type 
will be the weakest, p-type the strongest and intrinsic in the middle. Si is 
an example of the former case, Ge and GaAs the latter. Up to date it has 
been difficult to link the experimental results with definite values for Eka
\d-
2.7 PLASTIC DEFORMATION OF GaAs.
It is of great interest to compare the results of dislocation velocity 
experiments with those from measurements of the plastic deformation of GaAs. 
Flow stress experiments in these brittle materials are performed in 
compression using a single glide orientation. At high temperatures, in the 
range 250 to 675°C, Suzkin and Milvidskii [40], Swaminathan and Copley [41] 
and Steinhard and Haasen [42] found that the flow stress of the n-doped and 
p-doped material was higher and lower respectively than intrinsic GaAs, At 
room temperature Rabier, Garem, Demenet and Veysiere [43] obtained the 
opposite results, the n-doped having a lower flow stress than either 
intrinsic or p-doped GaAs. The dislocation velocities measured at low 
stresses and high temperatures (see section 2.6) reveals that the slowest 
type of dislocation in p-doped material is much faster than the slowest 
dislocation in n-doped material. In three recent papers Boivin, Rabier and 
Garem [44], [45] and Boivin and Rabier [46] have investigated the plastic
deformation characteristics of GaAs (intrinsic, n and p-doped) in the 
temperature range 20-650°C. At temperatures between 150-650°C [44] they
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showed that the yield stress for doped and undoped GaAs increased with
decreasing temperature, thus showing that the process was thermally
activated. For undoped and p-doped GaAs a rapid increase of the yield stress
occurred below about 250°C while in the n-doped material the increase
happened at 450°C. The Peierls stress is the yield stress at OK. Boivin et
a l . estimated values for the Peierls stress by assuming a linear variation
of T with T and extrapolating back to OK. This gave values of x^^=300MPa for
n-doped, t =600MPa for p-doped and t =340MPa for intrinsic. This compares OK OK
quite favourably with the results obtained by Alexander and Gottschalk [21]
for intrinsic GaAs where t  =22 6MPa (a-dislocation) and t =294MPaOK OK
(^-dislocation).
To test the materials at lower temperature Boivin et al. [45] used a piston 
cylinder Griggs apparatus to enable a confining pressure of 600MPa to be 
superimposed on a uniaxial compressive stress. At room temperature (RT) the 
yield stress as a function of electronic doping was: t =330MPa (n-doped), 
T.=670MPa (intrinsic) and t  =685MPa (p-doped). The electronic effect at RT1 p
is very large in the case n-doped GaAs softening. These results showed that 
at RT the electronic doping effect is reversed as compared to higher 
temperatures.
Boivin et al. [44], [45] have used a third type of deformation test in which
the crystal is first prestrained at high temperature and then tested at 
lower temperatures. When compared to the results using a confining pressure 
the prestrained tests showed a smaller flow stress, the differences were 
largest when the stress is low and the temperature high. Rabier attributed 
these differences to the confining pressure.
In addition Boivin et al. [44], [45] investigated the dislocation structure
using TEM. They found particular structures associated with each deformation 
regime. At the lowest temperatures where only the p-doped material exhibited 
a yield point there was an equal number of 60° mixed segments and screws. 
This was interpreted to mean that the dislocations of these types had
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similar velocities. In the n-doped and intrinsic GaAs the perfect 
dislocations were mainly of screw type. Boivin et al. attributed this to the 
lower mobility of screw dislocations at lower temperatures. Twin nucléation 
was a deformation mechanism at RT for all three materials that became more 
important at higher strain rates. The twins appeared to be nucleated from 
uncorrelated partial dislocations. The twin mechanism predominates in the 
p-doped GaAs. Kuesters, de Cooman and Carter [47] have also reported that 
screw dislocations are predominant in semi-insulating GaAs using the 
prestraining technique. Boivin et al. [45] reported that cross slip was a 
frequent occurrence in the n-doped and intrinsic material. In the n-doped 
crystals large triangular stacking faults were formed. It was suggested that 
these were formed by the wide dissociation of 60°a dislocations. In the very 
high stress regime the greater mobility of the 90° dislocation as compared 
to the 30° caused the stacking fault to extend. No widely dissociated 60°/3 
dislocations were observed. The leading partial is suggested as the cause of 
the behaviour of the screw dislocations. If the leading partial is 30°a and 
the trailing 30°|3r here after described as the (30°#, 30°|3) , dissociation in 
the glide plane is easy due to the greater mobility of the 30°#. The (30°/3, 
30°#) screw will tend to cross slip more because of the lack of mobility of 
the leading 30°/3 dislocation. Kuesters et al. have also investigated the 
mobility of screw dislocations. They found the (30°#, 3O°0) to be twice as 
mobile as the (30°j3, 30°#). Boivin et al. [45] showed using weak-beam TEM 
results that the perfect dislocations were weakly dissociated dislocations 
in all three compositions.
The predominance of screw dislocations and twins at low temperatures is in 
marked contrast to the dislocation structure found by Boivin et al, [44] at 
temperatures greater than 200°C. Up to the lower yield stress there was no 
preferred orientation of the dislocation structure which consisted of
dipoles and multipoles. Screw dislocations were rare. At low temperature no
yield drop is seen, this is attributed to the switch from a dislocation
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structure where screws are almost non existent to one where they have become 
the major part. This has also been observed by Astie et al. [48] in undoped 
GaAs. Boivin et al. [44] found that dislocations were generally dissociated 
in the glide plane. Twinning is not seen at this higher temperature. 
Androussi, Vanderschaeve and Lefebvre [49], [50] have also used uniaxial
compression under a confining hydrostatic pressure of 60 0MPa to observe 
dislocations and microtwins in GaAs deformed at RT. The materials they 
examined were semi-insulating (SI), Zn and Zn+In doped GaAs. The yield
stresses were 590±25, 800±75 and 920±75MPa for the Zn+In doped, SI and Zn
doped crystals respectively [50] . These are in quantitative agreement with 
Rabier et al. [43] who determined the yield stresses to be for intrinsic and 
Zn doped GaAs 750 and 985MPa respectively but considerable larger than the 
results of Boivin et al. [45] where the respective yield stresses were 670 
and 685MPa. Rabier explained this decrease as a result of a reduction in the 
friction forces in the testing apparatus. Examination of the deformed
crystals with TEM by Androussi et al. [50] showed similar results to Boivin
et al. In the SI specimens the majority of dislocations are screw in nature, 
but there are twins. In the Zn doped material twinning is more dominant than 
in SI. No twinning is observed in In doped GaAs. By examining (100) and 
(001) foils Androussi et al. classified the frictional forces, R, acting on 
the dislocations in the differently doped crystals as:
(Zn+In) doped GaAs R o >R o _ >R o30 (#) 30 (^) 90 (aor|3)
Undoped GaAs R o . >R o >R o30 (13) 30 (a) 90 (aorp)
30 (aor/3) ^90 (<Xorl3)
Zn doped GaAs R o _ >R o30 (aor/3) 90 (aorp)
The dislocations with the smallest value of R will have the greatest 
velocity. The authors do not suggest, however, that there is a linear
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relationship between the velocity of the dislocation and the frictional 
force acting on it. Lefebvre, Androussi and Vanderschaeve [51] have observed 
triangular stacking faults in undoped GaAs, but these were attributed to (3 
dislocations where the 30° partials have a higher frictional force acting on 
them than the 90° partials. This is in contrast to Boivin et al. [45] where 
only a dislocations formed triangular stacking faults in n-doped GaAs. 
Louchet and Thibault-Desseaux [9] put forward an argument to explain the 
differences in velocity of 30° and 90° dislocations based on a reconstructed 
mixed shuffle and glide dislocation core in ESC. They suggested that double 
kink formation was helped by S . If double kink migration is basicallyV
diffusion of S along the dislocation core then 30° and 90° dislocationsV
will be affected very differently. The 90° dislocation has very few 8. 
sites, so that few S will be annihilated by meeting a as they diffuse 
along the dislocation core. For this reason the concentration of S will 
remain constant during glide and the velocity high. The 30° dislocation, 
however, will have a large number of S annihilated because of the greaterV
concentration of S. on the core and will become increasingly glide in
character. For this reason its velocity will be less than the 90°
dislocation.
Louchet and Thibault-Desseaux [9] also considered the effect of the position 
of the partial dislocation with respect to the stacking fault, that is 
whether it is the leading or trailing partial. For the 90° partial leading 
the number of S sites is increased due to few annihilations and because newV
8 sites can be formed due to the bulk vacancies in the material ahead ofV
the dislocation. This will cause an initial increase in velocity but
eventually the concentration of 8 sites will become so high that a shuffle 
type dislocation is formed with some glide sites. The shuffle type
dislocation will have a lower velocity because the mechanism for double kink 
formation has been removed. For the trailing 30° partial a glide core is 
formed due to the annihilation of the 8 sites. No new 8 sites are created
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by bulk vacancies since the leading partial has absorbed them. all. Overall 
the 30° partial will decrease slightly in velocity. For the 90/30
dislocation Louchet and Thibault-Desseaux expect its velocity to decrease as 
it glides and the stacking fault to be quite wide.
When the 30° partial is leading annihilation will decrease the S 
concentration but this should be balanced by the bulk vacancies forming new 
sites as they are collected by the dislocation. The velocity of the 30° 
partial when leading should be constant. With no collection of bulk 
vacancies to increase the S concentration the 90° partial should also haveV
a constant velocity. The 30/90 dislocation should therefore have a velocity 
that does not change as it glides. The work of Alexander,
Kisielowski-Kemmreich and Weber [52] on Si is in general agreement with
these suggestions.
These arguments can be carried over from ESC to CSC to explain the
difference in velocity of a and p dislocations. Louchet and
Thibault-Desseaux [9] pointed out that there is an understoechiometry in the
B element due to its greater vapour pressure. This causes an increase in the
number of S sites of B dislocations and would account for their V (g)
velocities being greater than A dislocations. The velocities of screw(g)
dislocations are between these two extremes since they have one A and one(g)
partial and therefore would be expected to have an intermediate 
velocity. This model is likely to be very dependent on the growth 
conditions.
2.7.1 SUMMARY OF RESULTS OF WORK ON THE PLASTIC DEFORMATION OF GaAs.
At temperatures above about 200°C the results from plasticity and velocity 
experiments are in good agreement. Both the a and 13 dislocations are faster 
in p-doped GaAs than n-doped with the undoped crystals giving results in 
between these two extremes. The yield stresses obtained from compression
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tests fit in with the velocity results. The n-doped GaAs has a yield stress 
higher and p-doped GaAs one lower than intrinsic GaAs. Relating the plastic 
deformation to the mobility of the dislocation shows good agreement with the 
velocity experiments. The n-doped GaAs has the fastest dislocations and is 
therefore the easier crystal to deform. The p-doped GaAs has the slowest 
dislocations and therefore is the most difficult to deform. The dislocation 
velocity experiments, however, have been carried out at high temperatures 
and low stresses. The results for compression tests at temperatures below 
about 200°C do not fit the velocity results. At RT the p-doped GaAs had a 
yield stress higher than the intrinsic crystal and the n-doped was lower. 
These results cannot be explained by extrapolating dislocation velocity 
measurements to higher stresses and lower temperatures. At these lower 
temperatures the dislocation structures show marked changes from those at 
temperatures greater than about 200°C. At RT greater concentrations of screw 
dislocations are seen as well as twins. Rabier and Boivin [46] have 
suggested that these effects are related to the ease with which dislocations 
can cross-slip.
2.8 INDENTATION OF SEMICONDUCTORS.
The indentation method for investigating the dislocation structure in ESC 
and CSC has the advantage of being a quick and easy way of introducing 
dislocations into these almost defect free materials at RT. The drawback is 
the difficulty in determining the stress distribution around the indenter. 
For this reason the indentation method is best viewed as a qualitative first 
test which can then be backed up by more controlled but complicated 
techniques. Churchman, Geach and Winton [53] indented the {111} faces, at 
temperatures from 80 to 900°C, of ESC and CSC and found that twinning 
occurred as a deformation mechanism in all the materials examined. Yasutake, 
Stephenson, Umeno and Kawabe [54] indented the {001} faces of Si at 450°C
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and found that microtwinning occurred parallel to the ±[110] and ±[110] 
directions. The most widely examined CSC has been n-doped GaAs which will be 
considered in the next section.
2.8.1 INDENTATION OP n-TYPE GaAs.
The results from various workers on n-doped GaAs, such as Hoche and
Schreiber [55], Warren, Pirouz and Roberts [56] and Lefebvre, Androussi and
Vanderschaeve [57], agree that a dichotomy in dislocation movement is seen
around the indenter. Indents made on the (001) face have shown different
extents of dislocations along the perpendicular ±[110] and ±[110]
directions. These are referred to in the literature as "rosette arms"
because of the rosette pattern of dislocations seen after etching.
The work of Warren et al. [56] used etching to investigate the dislocation
distribution around an indentation, at temperatures from 0 to 350°C, on an
(001) face. Their results revealed very different dislocation patterns on
each rosette arm which were not affected by the temperature. These were
attributed to the different dislocation velocities of the Ga and As(g) (g)
dislocations. They suggested that each dislocation type formed a prismatic 
loop on the pairs of {111} planes intersecting the (001) plane as shown in 
figure 2.15. These have a Burgers vector parallel to the rosette arm they 
are in, that is either ±^[110] or ±^[110]. These prismatic loops were also 
suggested to be important in crack propagation, which like the dislocation 
structure is asymmetrical around the indentation. At 350°C cracks were only 
seen in the rosette arms of the type parallel to the ±[110] in figure 2.15. 
In this rosette arm the converging {111} slip planes have Ga atoms 
uppermost. In a subsequent paper [58] this group of workers have shown that 
the slip planes diverging from the edge of the indentation have an important 
role in the deformation process. Dislocations on the diverging planes can 
penetrate far into the crystal while those on the converging planes become
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locked. Hardness measurements, using a Knoop indenter, showed that the
softest rosette arm had the fastest dislocation type on the diverging slip
planes, the extra half-plane was assumed to be on the same side of the slip
plane as the indentation.
Hôche and Schreiber [55] and Lefebvre et a l . [57] have used TEM to
investigate the dislocation structure around an indentation on the (001)
face at room temperature. Their results revealed a more complicated
situation than envisaged by Warren et al.. There was an asymmetry in
dislocation structure about the rosette arms, but instead of being simple
prismatic loops there were also microtwins. The microtwins only appear in
one set of rosette arms. Lefebvre et al. [57] have suggested that the
partial dislocations forming the microtwins are 30° Ga type. The(g)
microtwins are on [111] slip planes that converge under the indentation. 
Lefebvre et al. [57] showed that the stacking faults in the microtwins were 
intrinsic in nature.
In the other rosette arms perfect dislocations were imaged by both groups of 
workers with Burgers vectors parallel to the (001) plane. Lefebvre et al.
[57] suggested that these follow a similar glide prism mechanism, as 
described by Hu [59] for the case of Si. The glide prism is formed by the 
surface of the crystal and a converging pair of slip planes, such as the 
(111) and the (111) planes.
Hoche and Schreiber [55] suggested that the dichotomy in dislocation
dissociation was due to differences in the stacking fault energy of the slip
planes. Lefebvre et al. [51], [57] introduced a more likely explanation by
considering the differences in dislocation velocity of the four
dislocations: 90°Ga , 30°Ga , 90°As and 30° As . Choi et a l . [33](g) (g) (g) (g)
has shown that for n-doped GaAs the Ga dislocations are slower than the(g)
A s . Lefebvre et al. [51] have suggested that these velocity differences
extend to the partial dislocations and ranks their order from fastest to
slowest as 30 Ga , 30° As , 90°Ga and 90°As . In a further paper(g) (g) (g) (g)
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Lefebvre and Vanderschaeve [60] suggested the differences in velocity of the
partials was the reason that the microtwins occurred only on what they
described as the glide prism" which is formed by the (111) and (111)
planes in figure 2.15. The a prism is the other pair of slip planes, the
(111) and (111) planes in figure 2.15. Lefebvre and Vanderschaeve conclude
that on the a glide prism the As partials do not widely dissociate(?)
because of their similar velocities. Half loops are formed on the (111) and 
(111) planes and move away from the indentation. The slower velocity of the 
screw dislocations causes elongated loops to be formed. By annihilating the 
screw segments of these loops a prismatic loop may be formed. This mechanism 
is illustrated in figure 2.16. On the /3 glide prism the 60° Ga (g)
dislocation, under high stress, will widely dissociate if the 90°Ga (g)
partial is leading. This is due to the large difference in velocity of the
90°Ga and the 30°Ga . By forming widely dissociated 90°Ga and(g) (g) (g)
30°Ga dislocations on adjacent planes a microtwin can be formed. Lefebvre (g) '
and Vanderschaeve [60] have not suggested any mechanism to generate extended 
stacking faults on consecutive {111} slip planes. Under very high stress 
Lefebvre et al. [51] have concluded that the shape of the dislocation loop 
will change, as shown in figure 2.17. The low frictional force on the
leading 90°Ga^  ^ dislocation causes the characteristic trapezoidal shape of 
intrinsic faults. This accounts for the appearance of the slowest 30° Ga (g)
partial at the leading end of the stacking fault. The trailing partials are
not imaged because they stay close to the indentation.
2.8.2 INDENTATION OF p-TYPE GaAs.
In section 2.6 the velocity of dislocations in CSC and GaAs in particular
was shown to be very dependent on the doping type. In n-doped material the
Ga dislocations were slower than the As , but when p-doped the relative(g) (g)
velocities were reversed. Hirsch, Pirouz, Roberts and Warren [61] have
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investigated the hardness of {111} faces as a function of the temperature
and doping type. Their results showed that over the temperature range 20 to
400°C the Ga face was the hardest in the n-doped material while over the
same temperature range the As face was hardest in the p-doped crystals.
Hirsch et al. concluded that the dislocations were generated at the surface
and moved into the crystal and that the dichotomy in the hardness of the
{111} faces was due to the different dislocation velocities. In the n-doped
material and for the As face, fast As dislocations are generated at the(g)
surface and glide into the crystal on diverging {111} planes. This enables
them to penetrate deep into the crystal. On the Ga face the same slip is due
to the much slower Ga dislocations which therefore move less far from the(g)
surface generating a high back stress. So in the n-doped crystal the As face 
is softer than the Ga one. For the p-doped crystals the opposite conclusions 
were made because the velocity difference is reversed.
2.8.3 INDENTATION OF n- AND p-DOPED GaAlAs AND n-DOPED GalnAs.
Haswell and Charsley, [62], [63] and [64], have indented n-doped
Ga Al As at RT with x between 0.1 and 0.3 i.e 10 and 30%A1. The results(l-x) X
show that the Al concentration appears to have little effect on the 
dislocation configuration seen around the indentation. As for GaAs 
microtwins were seen asymmetrically around the indentation parallel to one 
of the <110> rosette arms. Cracking parallel to the <110> direction starting 
from the edge of the indentation was usually only seen in the same rosette 
arm as the microtwins. Microtwins were only seen in one rosette arm but in 
30%A1 GaAlAs extended stacking faults were seen perpendicular to the 
microtwins.
Haswell, Bangert and Charsley [65] have indented p-doped 30%A1 GaAlAs and 
n-doped 47%In GalnAs. In p-doped 30%A1 GaAlAs microtwins were seen in both 
rosette arms. This is attributed to the doping since in n-doped 30%Al GaAlAs
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microtwins were only seen in one rosette arm. In 47%In n-doped GalnAs 
microtwins were seen in both rosette arms. This is thought to be due to the 
addition of In which may reduce the stacking fault energy.
2.9 INDENTATION OF InSb.
The results of indentation of {111} and {001} faces of InSb by Roberts [66] 
show behaviour which is similar to that of GaAs. For n-doped InSb the In 
face was harder than the Sb face over the temperature range of 40 to 440°C. 
This is similar to the results for GaAs [61] where the group III (Ga) face 
was harder than the group V (As) face.
Suroweic and Tanner [67] examined indentations on {001} faces with X-ray
topography. These indentations were made with a 5g force at temperatures
between 210 and 370°C. They identified a dislocation rosette asymmetry
similar to that seen in GaAs [56] . In n-doped crystals the velocities of
In dislocations was considerably lower than the Sb which explained the (g) (g)
anisotropy reported. Suroweic and Tanner identified 3 different types of 
dislocation loop, called type I, type II and type III. Type I are loops on 
{111} slip planes which have screw dislocations in the plane of the (001) 
face. They describe type II as near surface loops which may be the result of 
the interaction of type I dislocations or are introduced ab initio. The type 
III loop has an inclined <110> Burgers vector and lie on two {111} planes 
and result from the interaction of inclined type I dislocations. The type I 
and II dislocations are the loops that form the characteristic rosette arms 
seen by etching. They reported the type I loop travelling lOO's of |um into 
the material. X-ray topography has a low resolution and is unable to 
separate closely spaced dislocations. TEM is able to resolve the detail of 
the dislocation configurations but the area of investigation is limited to 
close to the indentation. The type II and III loop are concentrated closer 
to the indentation and are therefore the type that is probably imaged in the
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TEM. The X-ray topography results were unable to resolve the any fine detail 
of these loops so it is not possible to make a more detailed comparison of 
the results.
2.10 DEFORMATION TWINNING IN fcG CRYSTALS.
The two fundamental modes by which metals can deform plastically are slip 
and twinning. Slip is achieved by the passage of dislocations on different 
glide planes. Bilby and Crocker [68] defined a deformation twin as, "A 
region of a crystalline body which has undergone a homogeneous shape 
deformation in such a way that the resulting product structure is identical 
with that of the parent, but oriented differently." Twins can be formed by 
the passage of twinning partials on successive twin planes. It is not, 
however, clear what part slip takes in this process, or how twinning 
partials are created during deformation. Various models for the formation of 
twins have been suggested, most notably the pole mechanism of Cottrell and 
Bilby [69].
2.10.1 TWIN NUCLEATION.
The formation of a deformation twin is believed to take place in two stages: 
in the first stage nucléation of an embryo occurs, its subsequent growth 
into an observable twin being the second. The problem of nucléation and 
growth has not been satisfactorily resolved. Two types of mechanism have 
been suggested for the nucléation of twins, one uses a heterogeneity such as 
a particular dislocation arrangement as the nucléation point for the twin. 
This approach is used in the mechanisms of Cottrell and Bilby [69], Venables 
[70], Mahajan and Chin [71] and Pirouz [72], [73]. Orowan [74], however, 
suggests that a twin embryo is nucleated from a region of high stress 
concentration which is dislocation free.
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Any mechanism for the formation of deformation twins must either account for 
the formation of identical partial dislocations on every slip plane or for 
the motion of a twinning dislocation from plane to plane in the crystal, 
Cottrell and Bilby [69], Venables [70] and Pirouz [72], [73] have used this
latter approach. Mahajan and Chin [71] have suggested a mechanism that falls 
into the first category. The Cottrell and Bilby mechanism was applied first 
to bcc crystals. When it was extended to include fee materials the authors 
concluded that the pole dislocation would become locked after a single 
rotation. A pole dislocation is part of a dislocation line that leads out of 
the slip plane and is in some way anchored. Venables introduced a 
development to overcome this problem. A deformation twin is produced by the 
glide of a ^<112> dislocation around a -<110> pole dislocation. Cottrell andD 2
Bilby stipulated that the pole dislocation must be strongly pinned. Mahajan 
and Williams [75] have pointed out that it was difficult to imagine a 
situation where a g<110> glissile dislocation can be pinned strongly enough 
to stop it moving under the stress causing the sweeping |<112> to glide. 
Venables suggests that after one revolution the §<112> dislocation could 
combine with the g<lll> partial to reform the ^<110> dislocation. This 
reformed dislocation could could glide from one {111} plane to the next 
between revolutions of the ^<112> dislocation thus forming a twin. Mahajan 
and Chin [71] have proposed a different mechanism which involves two 
coplanar ^<110> dislocations. These are of different Burgers vector but by 
dissociating the authors suggest that they can combine to form a three-layer 
twin. By distributing the three-layer twins on different levels a 
microscopic twin can be formed when they grow into each other.
The formation of a homogeneous, stable, lens-shaped twin nuclei due simply 
to a stress concentration is suggested by Orowan [74] . The boundary 
dislocations between the twin and matrix must therefore be created from the 
perfect lattice. The results of Fourie, Weinburg and Boswell [76] on 
twinning in tin films and Price [77] on the movement of twin whiskers tend
33
to back up Orowan's theory since twins appear to nucleate from dislocation 
free areas in these cases.
2.10.2 TWINNING IN SEMICONDUCTORS.
Theories suggested for twinning mechanisms in fee metals should also apply 
to SC. The more exact knowledge of dislocation velocities in SC means that 
closer examination of the mechanisms is possible. Pirouz [72], [73] has
applied the pole mechanism, to ESC and CSC. The dependence of dislocation 
velocity on the dislocation type has been used to extend the model. In this 
model the microtwins are nucleated from a screw dislocation that is pinned 
and which splits into two 30° partials. Pirouz suggests that if the 
difference in the dislocation velocities is great enough a layer of stacking 
fault can be formed by the fastest partial. When the two partials meet up 
again they can recombine to form a screw dislocation which then cross-slips 
and then dissociates to start the process all over again on the adjacent 
{111} plane. In this manner a microtwin can be built up. The relevant 
dislocation mechanisms will be discussed in greater detail in chapter 7.
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Figure 2.1. Schematic diagrams of the diamond structure of tetravalent 
elemental semiconductors showing (a) the unit cell and (b) a projection 
normal to the <110> direction: two {110} planes are represented, full lines 
link atoms located in the {110} plane at z=0, broken lines link atoms 
located in the {110} plane at z = - a 4, double lines link atoms of these 
two planes.
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Figure 2.2. Schematic diagrams of the zincblende structure of A B compound 
semiconductors showing (a) the unit cell and (b) a projection normal to 
<110> direction with the two atom types. The atomic positions are the same 
as in figure 2.1.
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Figure 2.3. A schematic diagram showing the difference between glide (1234) 
and shuffle (1564) for the oc configuration.
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Figure 2.4. A schematic diagram of a 60° glide type dislocation with no 
reconstruction,
O A
Figure 2.5. A schematic diagram of a 60° shuffle type dislocation with no 
reconstruction.
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Figure 2.6. A diagram showing the different core structures in a compound 
semiconductor: The nature of the core atoms of the dislocation with the
extra half-plane down can be: A at position 1 or B at position 2. When(s) (g)
the extra half-plane is up the atom types are reversed: B ^  ^ at position 3
and A at position 4. (After George and Rabier [78])
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Figure 2.7 A schematic diagram of (a) a perfect dislocation loop in the
{111} glide plane and (b) dissociated dislocation loop in the {111} glide
plane. (After George and Rabier [78])
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Figure 2.8. A schematic diagram of a dissociated 60  ^ glide type
dislocation. The 90 partial is on the right and 30° partial is on the left.
Figure 2.9. A schematic diagram of interstitial shuffle partial type 
dislocations obtained from figure 2.8 by the addition of a row of atoms to 
the core of each partial dislocation. (After Louchet and Thibault-Desseaux 
[9])
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Author SFE
2mJ/m
Method
Gomez & Hirsch [7 9] 48±6 '
Gottschalk et al. [5] 55±5
Nakada & Imura [10] 42±7
Isolated dislocations
Snigireva et al. [80] 47±9
Jimenez et al. [81] 49
Rabier et al. [44] 47±9 ^
(a)
GaSb GaAs InSb GaP InAs InP
(meV/atom) 53±7 47±5 43±4 33±3 30+3 17±3
ionicity 0.261 0.310 0.321 0.327 0.357 0.421
<b)
Figure 2.10. (a) A table listing the stacking fault energy for GaAs obtained
by various workers, (b) A table comparing the reduced stacking fault energy 
to the ionicity. (After Gottschalk et al. [5])
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a /3
Author V m Q V m QO
m/s eV m/s eV
A Choi et al. [33] 2.35 1,4 1.0 13 1.6 1.35
B Steinhardt et al. [42] 1.2
C Matsui et al.[27] 3.7 1.7 0.89 38 1.5 1.24
D Yonenaga et al. [29] 1900 1.7 1.3 59 1.6 1.30
(a)
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(b)
Figure 2.11 (a) Parameters for the equation v=v (t ) "^exp (-Q/kT) [17] for
undoped GaAs. (b) Velocities of ol and |3 dislocations in undoped GaAs 
calculated using the data from (a) for T=10MPa. (After Alexander and 
Gottschalk [21])
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figure 2.12. Activation energies for the a and (3 dislocation motion in doped 
GaAs for different doping levels. Zn was used for the p-doping and Te or Si 
for the n-doping. (After Alexander and Gottschalk [21])
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Figure 2.13 Velocities of a and /3 dislocations for different doping levels 
at a temperature of 300°C and a stress of lOMPa. Zn was used for the 
p-doping and Te or Si for the n-doping. See figure 2.11 for symbols. (After 
Alexander and Gottschalk [21] )
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dislocation type E (lO^eV/m) T (MPa)p p
60°a 4.7 226
60°p 6.15 294
Figure 2.14 A table giving values of the Peierls energy and stress for 
undoped GaAs. (After Alexander and Gottschalk, [21])
[ Î10]\ ( 001);
(111 )
>rno]— >■(111 I As
Figure 2.15. A schematic diagram of the configuration of the dislocation 
rosette around an indentation on the (001) surface in a zincblende 
structure. The paired nature of the {111} slip planes can be seen. (After 
Warren et al [56])
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Figure 2.16. A schematic diagram showing the mechanism for the generation of 
prismatic loops along the "a glide prism". The screw and 60° a type 
dislocations are labelled S and a respectively. See section 2.8.1 for a 
detailed explanation. (After Lefebvre et al [60])
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Figure 2.17 Schematic diagrams of the dislocation loop configuration in (a) 
high-stress deformed GaAs and (b) very-high-stress deformed GaAs. (After 
Lefebvre et al. [51])
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CHAPTER 3 
MATERIALS AND METHODS
3.1 MATERIALS.
Various compositions of GaAlAs have been examined, ranging from 0 to 30%A1. 
All of the compositions except GaAs were in the form of thin epitaxial 
layers grown on a GaAs substrate. The pure GaAs specimens were from a piece 
of the substrate material grown by the Czochralski lic[uid encapsulated 
technique, which was undoped. The epitaxial layers were grown using metal 
organic chemical vapour deposition (MOCVD) supplied by STC (Harlow).
MOCVD uses volatile compounds of the constituent elements which decompose 
when heated. This enables an epitaxial layer to be grown on a piece of 
heated substrate material when these volatile compounds are passed over it. 
The substrate material was a single crystal of GaAs. The epitaxial layers 
are grown on the {001} face. The required composition was achieved by 
varying the flow rates of the gases so that when they decompose the correct 
chemical stoichiometry is obtained. The higher vapour pressure of As means 
that a correction is necessary to avoid under stoichiometry in this element. 
This is achieved by having an over pressure of the As present during growth. 
The thickness of the grown layer is proportional to the time that the gases 
were flowing over the substrate.
Figure 3.1 is a table which lists the materials examined, together with 
their thickness and electronic doping. The majority of samples examined were 
n-doped with Si to a concentration of about IxlO^^cm ^. There were two 
samples with compositions of 16.5%A1 and 30%A1 that were p-doped with Zn to 
a concentration of about ps^lxlO^^cm ^. The GaAs substrate material was 
semi-insulating (SI) . Most of the layer thicknesses were around 1.3/jm 
although the 24%A1 and 16.5%A1 were considerably thicker at 3.3pm and 4.7|im.
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3.2 POLARITY OF {111} PLANES.
The compound nature of GaAs means that there is no centre of symmetry in the 
crystal structure. This is most clearly illustrated by the variation of the 
atom-type uppermost on the {111} planes. This means that the (111) and (111) 
have different physical and chemical properties depending on whether Ga or 
As is uppermost. The difference in physical properties is displayed by the 
hardness of the (111) face being different to the (111) [61], The chemical 
differences show up when an appropriate etch is used. In fact this is a good 
method to determine the atom-type uppermost on a {111} face.
The crystallography of the materials received from the crystal grower is 
precisely known. The epitaxial layers are grown on the {001} face, which 
means that the angle between this face and the {111} planes is 54.7°. It is 
therefore possible to polish one side of a sample of particular composition 
and use a selective etch to determine the atom type uppermost on that {111} 
face. It is assumed that the face always ends between the widely spaced pair 
of {111} planes and never between the closely spaced pair. The triple 
bonding between the closely spaced {111} planes will make any surface ending 
between them more reactive and easily removed by an etch. It is assumed 
therefore that the differences in etching are caused by the widely spaced 
{111} planes and that the {111} planes are removed as a double layer.
To obtain a polished face at the correct angle to the {001} face a jig was 
made, the design of which is shown in figure 3.2. The jig consists of a pair 
of jaws one held in a slot cut into a base plate. The other can slide along 
the slot, both have a face machined to 55°±0.5°. The two machined faces make 
up the jaws of the jig and are closed by tightening a pair of screws. The 
fixed jaw has a ledge cut into it which is parallel to horizontal surface of 
the jig. The specimen was placed onto the ledge which ensures that the 
cleaved {110} faces of the specimen are parallel to the horizontal and 
vertical surfaces of the jig. The specimen was then held in place by pushing 
the movable jaw up against the specimen and tightening the screws holding
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the jaws together.
The specimen was cleaved from the main block In the form of a rectangle. One 
side of the rectangle was made longer than 3mm so it will protrude from the 
surface of the jig. Using a rectangular shape makes it simple to record the 
orientation of the specimen with respect to the main block. Once the main 
block has been characterised all future specimens taken from it are also of 
known orientation and therefore do not have to be individually determined. 
The protruding surface of the specimen was then ground flat using 2000 grit 
silicon carbide paper. The final polish was achieved with 6pm and 1pm 
diamond paste. The specimen was then removed from the jig and cleaned in 
acetone. The etch used to differentiate between the As and the Ga face was a 
mixture of HCl, HNO^ and water in the ratio of 2:1:2. This has previously 
been used by White and Roth [84] to determine the polarity of {111) faces in 
GaAs. After etching for 10 minutes at room temperature they found that the 
Ga face was etched but the As face was unchanged. By polishing one end of 
the specimen with the capping layer against the fixed jaw and the other with 
the substrate against it enables a {111} plane to be etched from both sides. 
This makes it simpler to determine the different etch results. To check the 
results from using the HC1:HNO^:H^O etch a second different etch was used. 
The specimens were taken from the parent block of SI GaAs which meant 
equivalent {111} faces could be compared. The second etch solution was HNO^ 
and HgO in a 1:1 ratio as previously used by Kyser and Millea [85] . The 
(111} faces were etched for 10 minutes at room temperature. The results from 
etching samples with the same orientation relative to the main block were 
then compared.
3.3 PLAN VIEW TEM SPECIMENS.
Samples of GaAlAs with different concentrations of A1 were indented with a 
Leitz Miniload hardness tester to introduce plastic deformation into the 
material. When imaged in TEM it is possible to see the dislocation structure
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making up the plastic deformation.
The indentions were made in the capping layer of the specimen. The indenter 
was a Vickers diamond in the shape of a square based pyramid with an angle 
of 136° between the faces. This means that the depth of the indentation is 
1/7 of the diagonal. The diagonal of the indentations were parallel to the 
<110> directions of the specimens. Since the cleavage direction in these 
materials is along the <110> direction it was a simple matter to align the 
specimen and the indenter in the desired orientation. The specimen was 
cleaved, from the parent block, so that it was approximately 3mmx2mm. By 
using a rectangular specimen it was easy to record how the specimen was 
related to the main block and enables a simple identification to be made of 
the different pairs of slip planes. An array of 120 indentations was 
introduced at the centre of each specimen in a 10x12 grid, each indentation 
being separated by 50pm from the others. The shorter row of indentations 
were along the shortest side of the specimen. A grid of 120 indentations 
gives a good chance of creating material that is electron transparently thin 
close to an indentation. All the indenting was done at room temperature and 
with a load of 5g and a dwell time of 15 seconds.
After the capping layer was indented approximately 300pm of the substrate 
was removed in order to make the final chemical thinning process easier. The 
substrate was removed by mechanical thinning. The specimen was mounted on a 
glass slide between two cover slips in order to achieve the correct final 
thickness. Beeswax was used to hold the specimen and the cover slips onto a 
glass slide. The beeswax was melted by placing the glass slide on a hot 
plate at about 125°C. Once melted the cover slips and specimen are added. 
When cool 2000 grit silicon carbide paper was used to grind the substrate 
away until it was level with the cover slips. To reduce the chance of the 
specimen becoming detached during grinding the cover slip/specimen interface 
was kept perpendicular to the direction of motion. When the beeswax has been 
melted by the hot plate again the specimen was removed and cleaned in 
trichloroethylene. The specimen was next attached to a piece of PTFE (about
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15mmxl5mm) so that it can be chemically thinned. A thin layer of lacomite !
varnish was used to glue the specimen to the PTFE with the capping layer I
face down. The edges were then coated with lacomite using a small brush so
that once finished only a small circular area, about 1.5mm in diameter was 
left in the middle of the specimen opposite where the indentations were.
Once the varnish has dried, after about four hours the specimen was ready to 
be chemically thinned. The chemical thinning was done using a mixture of 
bromine and methanol in a ratio of 1:19. This was dripped onto the specimen 
from a burette. The specimen was attached, using a little vaseline, to a 
central stem in a rotating cup, as shown in figure 3.3. The thinning 
solution was caught by the cup surrounding the specimen. The solution was 
dripped at a rate of about 4 or 5 drops per rotation, while the specimen 
rotated about 6 times per minute. Best results were achieved when the 
burette was positioned to deliver the solution onto the centre of the 
lacomite free region. This was made easier if the specimen was carefully
positioned at the centre of rotation. This double action of rotating the
specimen and directing the thinning solution at the centre of the specimen 
ensures that an even etching rate was achieved and stopped any preferential 
thinning at the of edge the hole. After about 10 minutes the specimen was 
perforated. It was then rinsed with methanol to stop any more etching by 
removing any of the etching solution remaining in the hole after the burette 
was closed.
The lacomite was removed by soaking in acetone. After a final clean in some 
fresh acetone the specimen was ready to be checked under an optical 
microscope. This usually showed if there were any indentations in the thin 
area around the hole in the specimen, which can then be followed up in the 
TEM.
3.4 ANNEALING SPECIMENS.
Although the majority of specimens were prepared for TEM examination in the
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unannealed state a small number were annealed after indentation but prior to 
being thinned. The annealing was achieved by putting the indented specimen 
into a gas through flow furnace and heating it to a temperature of 350 C for 
an hour. Before the furnace was turned on a stream of oxygen free nitrogen 
was started at a flow rate of 5 cubic feet per minute. This was only turned 
off once the annealing was finished and the specimen had cooled to a 
temperature of about 100°C. The temperature was measured by a thermo-couple 
placed next to the specimen. The use of the inert atmosphere stopped any 
oxidation of the A1 in the specimens.
3.5 DISCUSSION OF FEATURES OF THE ELECTRON OPTICS OF THE JEOL 2000fx TEM.
In order to correlate images with their diffraction conditions it is 
necessary to determine the rotation between the diffraction pattern and the 
specimen image. In older microscopes this involved two stages. The first was 
a rotation correction which depended on the magnification of the image. The 
second correction is often necessary because of the relationship between the 
diffraction pattern and the first image which results in the diffraction 
pattern being rotated 180° with respect to the image, in addition to the 
magnification correction factor.
The magnification corrections are not necessary in the JOEL 2000fx TEN which 
has a 6-stage electromagnetic lens system that is rotation free. This means 
that the orientation of the diffraction pattern and the image does not vary 
as the magnification is changed. It is, however, still necessary to take 
into account the 180° rotation between the diffraction pattern and image. 
The 180° rotation between the image and its diffraction pattern was checked 
by comparing the image with a diffraction pattern which had been over and 
under focused. The results from these experiments are shown in figure 3.4. 
The micrograph in figure 3. 4a shows the outline of the specimen with no 
objective aperture in the image mode. By switching bo the diffraction mode 
and increasing the current to the first intermediate lenses the under
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focused condition is achieved. This is shown in figure 3.4b where the 
outline of the specimen has the same orientation as in the image mode 
(3.4a). When the current to the first intermediate lens is decreased, as in 
figure 3.4c, the over focused condition is achieved and the specimen is 
rotated through 180° with respect to the image mode in figure 3.4a.
In the diffraction mode the current to the intermediate lens is less than in 
the image mode. By increasing the current to the intermediate lens in the 
diffraction mode the magnified image is brought into focus as for the image 
mode. Since the micrograph of the under focused condition has the same 
orientation as the micrograph of the image mode the conclusion is that this 
microscope has a rotation of 180° between the image and the diffraction 
pattern. As expected when the under focus is changed to an over focused 
condition an inversion becomes apparent between the image mode and the image 
of the specimen seen in the diffraction mode.
A second method to determine the relationship between the image and the 
diffraction pattern in the 2000fx TEM is to watch the direction that the 
Kikuchi pattern moves as the specimen is tilted. In figures 3.5a&b schematic 
diagrams are used to show that as a specimen is tilted in an anti-clockwise 
direction the Kikuchi pattern should move to the right. In figures 3.5c&d 
the result of a 10° clockwise tilt on the image of a group of partials 
associated with the overlapping stacking faults forming a microtwin are 
shown. All the micrographs have a pointer showing, this is fixed to the 
microscope and its orientation cannot be altered. It is pointing from the 
bottom left hand corner to the top right hand corner in all the micrographs 
so all these pictures have the same alignment. The bottom of the foil is at 
the edge of the dislocation group at the tip of the pointer in figure 3.5c. 
This means that the slip plane of these dislocations is inclined to the 
electron beam as shown in figures 3.5a&b. After the anti-clockwise tilt 
about the [110] axis, figure 3.5d, the projected width has increased thus 
confirming the direction of tilt. The diffraction pattern in figure 3.5e is 
before the specimen was tilted and shows the [001] zone axis to the right of
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the pointer, after tilting this zone axis should be further to the right if 
the diffraction pattern and image are parallel. In figure 3.5f the 
diffraction pattern, after tilting, has the [001] zone axis to the left of 
the pointer which means that the image and diffraction pattern are 
anti-parallel. These results mean that the JOEL 2000fx TEM is a rotation 
free microscope with respect to magnification but the diffraction pattern 
and image are anti-parallel.
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% Al capping layer thickness • doping
(fim) . (cm  ^)
0 substrate material undoped, SI
10 1.2 n=8xl0^^
16.5 4.7 p=5xl0^^
20 1.3 n=lxlO^®
24 3.3 n=7xlO^^
30 1.3 n=lxlO^®
30 1.3 p=8xl0^^
Figure 3.1. A table of the compositions of GaAlAs used. For each composition 
the thickness of the capping layer and the doping concentration is given. Si 
and Zn were used as the n- and p-dopants respectively.
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FIXED JAW^
CAPPING LAYEI: 
SPECIMEN-^
MOVABLE JAW-
LOCKING SCREWS,
-BASE PLATE
Figure 3.2. A schematic diagram of the jig used to obtain a polished face at
55 ±0.5 to the {001} face.
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BURETTE
ROTATING CUP
SPECIMEN HELD 
ON PTFE BLOCK 
W ITH LACOMIT 
VARNISH
THINNING
SOLUTION
Figure 3,3. A schematic diagram of the apparatus used to chemically thin 
specimens.
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(a)
(b) (c)
SOOnmI
Figure 3.4. (a) Part of a 16.5%A1 p-doped GaAlAs specimen in the image mode,
(b&c) The same specimen as in part (a) but in the diffraction mode, (b) The 
current to the intermediate lens has been increased making the specimen 
image visible and in the same orientation as in (a). (c) The current to the
intermediate lens has been decreased making the specimen image visible but 
in the opposite orientation to (a).
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(e) (f)
Figure 3.5. (a&b) Schematic diagrams showing projections normal to the [110]
of a specimen in the microscope. The pair of kikuchi lines from the (111) 
planes shown for when the specimen is horizontal, (a) , and when rotated 
anti-clockwise, (b) . The effect of this rotation is to make the kikuchi 
lines move to the right, (c&d) The micrograph in (c) shows a group of 
dislocations on the (111) plane when the specimen is horizontal, (d) The 
same set of dislocations but after a 10° anti-clockwise tilt. As expected 
the projected width has increased, (e&f) The position of the [001] kikuchi 
pole is shown for when the specimen is horizontal, (e) , and after a 10° 
anti-clockwise tilt, (f). The [001] kikuchi pole has moved to the left. The 
diffraction pattern and image in this microscope are therefore 
anti-parallel.
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CHAPTER 4
RESULTS
In the first section of this chapter the results from the etching 
experiments are given which enable the results from the TEM examination of 
the various GaAlAs alloys to be correlated. In the second section the 
general deformation patterns from the TEM results are described. These are 
then examined in greater detail in the following two chapters: in chapter 5 
the detailed structure of stacking faults forming microtwins is examined and 
in chapter 6 an analysis of the partial dislocations associated with the 
microtwins is described.
4.1 RESULTS FROM ETCHING {111} PLANES.
By using an appropriate etch on {111} planes in GaAlAs the nature of the 
atom type uppermost on that slip plane can be determined. The HC1:HN0^:H^0 
etch used in these experiments was first employed by White and Roth [84] . By 
using x-ray diffraction they showed that the {111} planes with Ga atoms 
uppermost was etched, while the planes with As uppermost remained untouched. 
The results of etching the Ga and As {111} faces for a GaAs crystal are 
shown in figure 4. la&b respectively. The Ga face has been etched in a 
regular manner, which has lead to a granular appearance. The face, however 
has not been etched uniformly, instead a series of craters have been formed 
in the surface. The centre of each crater is its deepest point which leads 
to the conclusion that they were produced from a random series of nucléation 
points. These then grow sideways and downwards, the sideways growth being 
stopped when two etch pits meet.
In contrast to the Ga face, the As face in figure 4.1b has no regular 
features resulting from etching. There are neither individual etch pits nor 
an overall granular pattern. There are occasional black specks which are
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probably the result of reactions between the As and the etch. Sometimes 
curved lines can be seen on the surface but they bare no resemblance to the 
regular patterns seen on the Ga face.
As a check to these results a second set of specimens of SI GaAs were 
prepared and etched in a solution of HNO^ and water, in a ratio of 1:1, for 
ten minutes. Kyser and Millea [85] have shown that the Ga face after this 
treatment has a strong etched appearance while the As face appears as a dull 
black surface. In figures 4,lc&d the etching results are shown for specimens 
with equivalent orientations to the parent block as figures 4.la&b 
respectively. The results are in agreement, with the specimens in figures 
4.la&c having Ga uppermost and those in figures 4.Ib&d having As uppermost. 
These results show that the As and Ga {111} faces can be differentiated by 
using an HC1:HN0^:H^0 etch. The results from etching only one face, however 
is likely to be ambiguous since the absolute pattern may differ due to 
differences in etch compositions and temperature, although the main features 
remain. For the various compositions of GaAlAs both types of face have been 
etched to remove any confusion. The results for the GaAlAs capping layers on 
GaAs are shown in figure 4.2. The same features as appeared for GaAs are 
visible: the Ga face shows etch pitting over the whole face; the As face has 
no regular pattern apparent, but some areas show a small amount of linear 
etching and some black precipitates but this bares no resemblance to the 
cratered appearance of the Ga {111} face. It is assumed that since the 
GaAlAs is grown epitaxially onto the substrate it will have exactly the same 
orientation of atom types on the {111} planes.
The results of etching from all the different alloys enable TEM results to
be compared directly. Knowing the atom type uppermost on the {111} planes 
means that the different specimens can be orientated so that a particular
pair of slip planes intersecting in a particular <110> direction are
parallel for all the alloys. To clarify this point consider figure 4.3 which 
shows the relationship between the (001) face of a crystal with the {111}
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planes. Due to the non-centrosymmetric symmetry of the zincblende structure 
the ±[110] and the ±[110] directions are different. In figure 4.3 the {111} 
planes with Ga atoms uppermost intersect the (001) face along the ±[110] 
direction while the {111} planes with As uppermost intersect it along the 
±[110] direction. Using the results from etching the {111} faces enables all 
of the different GaAlAs alloys to be orientated as in figure 4.3 with the 
electron beam parallel to the [001] direction.
4.2 TEM OF INDENTED SI GaAs AND GaAlAs ALLOYS.
The results of indenting the various alloys of GaAlAs and examining them in 
the TEM are reported in the following section. The individual alloys are 
considered first, and then compared with each other. The results from 
etching the specimens have been used to orientate the specimens so that 
their slip planes are aligned with the same atom types uppermost on the 
{111} planes.
All the micrographs shown have been orientated so that the {111} planes with 
Ga atoms uppermost are the (111) and the (111) planes while the (111) and 
the (111) planes have As atoms uppermost. They are as they appear on the 
fluorescent screen of the microscope. The right hand set of coordinates used 
has the electron beam parallel to the [001] direction, the [110] direction 
is from the bottom to the top of the paper. The [110] direction is 
horizontal to the paper and runs from left to right. The specimen is 
inserted into the microscope with the indentation on the bottom of the foil, 
that is the face the electron beam exits from. The relationship of the 
particular {111} planes to the indentation and their atom type is 
illustrated in figure 4.4. All the specimens examined, except a limited 
number of 30%A1 n-doped GaAlAs, were unannealed. When referring to specific 
details around indentations directions are given where the centre of the 
indentation is taken as the origin.
64
4.2.1 TEM OF INDENTED SI GaAs.
The dislocation structure around an indentation in GaAs is shown in figure 
4.5. In figure 4.5a a two beam bright-field micrograph with g=220 is shown. 
This reveals two groups of overlapping stacking faults which are parallel to 
the ±[110] direction. In figure 4.5b an higher magnification image of the 
overlapping stacking faults along the [110] is shown. At this magnification 
the overlapping nature of the stacking faults is more apparent. The periodic 
variation in the fringe contrast is caused by the 2m/3 phase change 
introduced by each layer of stacking fault. This makes every third layer 
invisible since the phase change is equal to 2mx. By overlapping stacking 
faults on consecutive planes a twin can be formed. Examination of the 
diffraction patterns from these areas reveals extra spots caused by 
twinning. A more detailed description of the results is given in section 
5.3. In later results where ever this contrast is seen it will be referred 
to as a microtwin, in some cases this has been established directly by 
electron diffraction but not all. The partial dislocations associated with 
the microtwins of figure 4.5b are shown in figure 4.5c. In this two-beam 
image g=220 which is parallel to the fault plane. This means that g.R=0 or 
an integer and the fault is invisible. The line directions of dislocations 
in these highly covalent crystals is predicted to run along the <110> 
directions because of their low Peierls potential. When viewing a foil with 
(001) faces horizontal the ±[110] and ±[110] directions are parallel to that 
face. The other <110> directions are inclined to the surface and will 
project parallel to the ±[100] and ±[010] directions. This is considered in 
greater detail in section 6.2. The partial dislocations in figure 4.5c are 
not exactly parallel to any <110> directions. The deviation from the <110> 
directions is due to the high stress acting on these dislocations. Although 
not perfectly aligned there is a directionality to the dislocation lines 
since they appear to be approximately perpendicular to the face of the
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indentation they are closest to^ i.e. parallel to a <100> direction and 
therefore probably inclined to the surface of the foil.
Any microtwins in the ±[110] rosette arm would be visible in figure 4.5c. 
This micrograph shows a microtwin in the [110] rosette arm. This extends 4pm 
from the centre of the indentation. In the [110] arm a stacking fault 
extends beyond the edge of the micrograph, but does not have any regions of 
invisibility. Under the influence of the electron beam this stacking fault • 
disappeared. Next to the microtwin in the [110] rosette arm a single 
stacking fault is visible. In this specimen no cracks parallel to the <110> 
directions are visible close to the indentation. In figure 4.5d, however, 
asymmetrical cracking is shown around an indentation in GaAs. The pattern of 
cracks has an asymmetry like that for the occurrence of microtwins. Along 
the ±[110] direction they run far into the specimen, while in the ±[110] 
rosette arm they are shorter. The crack in the [110] direction runs for only 
3pm from the edge of the indentation. In the other three <110> directions 
all the cracks run out beyond the edge of the picture, The microtwin on the 
[110] rosette also runs to the edge of the picture, a distance of about 10pm 
from the center of the indentation. In the [110] arm the microtwin only 
extends 7pm from the center of the indentation. The perfect dislocations in 
the ±[110] rosette arm also run a great distance from the indentation and 
under the influence of the electron beam move even further from the 
indentation. These microtwins were not affected by the electron beam.
4.2:2 TEM OF I ^ Ê N T E D  10%AÏ n-DQPED GaAlAs.
Figure 4.6a.shows a two beam bright-field micrograph, g=220, of an indented 
10%A1 n-doped GaAlAs specimen. Three microtwins are imaged running parallel 
to a crack along the [110] direction. The microtwins extend about 13pm from 
the centre of. the crack. In this specimen the cracks are only along the 
±[110] direction. The partials associated with the microtwins are visible in
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figure 4.6b, g=220. Once again g.R=0 or an integer and the overlapping
stacking faults are invisible in this micrograph. As for GaAs the line 
directions do not exactly follow the <110> directions but they are 
approximately perpendicular to the closest face of the indentation. Unlike 
GaAs the specimen shown in figure 4.6 has no stacking faults along the 
±[110] direction. This is not true for all the specimens examined. In figure 
4.7, g=220, three microtwins are imaged parallel to the [110] direction.
These microtwins are perpendicular to a crack running parallel to the [110] 
direction and extend about 10pm from the center of the indentation.
4.2.3 TEM OF INDENTED 20%A1 n-DOPED GaAlAs.
Figure 4.8a is a micrograph, g=220, which shows a microtwin parallel to the 
[ÏÏ0] direction in a 20%A1 n-doped GaAlAs specimen. Figure 4.8b, g=220,
shows the partial dislocations associated with the microtwin of figure 4.8a. 
Along with the partials a perfect dislocation is visible which was invisible 
in figure 4.8a. Using the g.b=0 method the Burgers vector -of this 
dislocation must be ±|[110] since g.b=0 when g=220. Since the dislocation 
line direction is also ±[110] it is a screw dislocation. No microtwins are 
visible parallel to the ±[110] direction in figure 4.8b, Unlike the n-doped 
10%A1 alloy and SI GaAs microtwins are only imaged in the ±[110] directions 
in n-doped 20%A1 GaAlAs. The microtwin extends a distance of 6pm from the 
center of the indentation.
4.2.4 TEM OF INDENTED 24%A1 n-DQPED GaAlAs.
Three microtwins are imaged in figure 4.9a, g=220, which is from an indented 
24%A1, n-doped GaAlAs specimen. Figure 4.9b shows the indentation imaged 
with g=220 which would make the overlapping stacking faults forming a 
microtwin in the ±[110] rosette arms visible. No stacking faults are imaged
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in these rosette arms and therefore no microtwins are in this rosette arm, 
just like the 20%Al n-doped GaAlAs material. The distance the microtwins 
extend from the center of the indentation varies. In the [110] there are two 
microtwins one extending a distance of 8pm from the center of the 
indentation while the other is a maximum of 4.5pm from the center of the 
indentation. The microtwin in the [110] direction extends beyond the edge of 
the micrograph, about 8pm from the center of the indentation. The partial 
dislocations associated with the microtwins in the [110] are approximately 
g^rpendicular to the closest face of the indentation, while the partials in 
the [110] direction have their dislocation lines partly parallel to the 
±[110] direction, although at the edge closest to the indentation they bend 
towards the centre of the indentation so that they are perpendicular to the 
closest face of the indentation.
4.2.5 TEM OF INDENTED 30%A1 n-DOPED GaAlAs,
An indentation in a 30%A1 n-doped specimen is imaged in figure 4.10. The 
micrograph in figure 4.10a is a two-beam bright-field image with g=220. It 
shows a crack running parallel to the [110] direction with a series of 
parallel partial dislocations close to it. There are no cracks parallel to 
the ±[110]. In figure 4.10b the overlapping stacking faults associated with 
the partial dislocations in figure 4.10a are imaged with g=220, these 
dislocations are therefore part of a microtwin. The microtwin and the crack 
extend about 6pm from the centre of the indentation. If there were any 
microtwins in the ±[110] rosette arms, their overlapping stacking faults 
would be visible in figure 4.10a: there are no stacking faults in this
micrograph. In addition to the microtwin in the [110] rosette arms two 
perfect dislocation half loops are imaged in figure 4.10a running parallel 
to the [110] direction between the microtwin and the crack. They are 
invisible when g=220, which means their Burgers vector is ±^[110].
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Figure 4.11 shows another 30% n-doped indented specimen which does have 
stacking faults in both rosette arms. In the [110] direction there are three 
microtwins. In figure 4.11a, g=220, the overlapping stacking faults are
visible while in figure 4.11b, g=220, the partial dislocations associated 
with the microtwins can be seen. In the [Ï10] direction in this micrograph 
stacking faults are visible they do not, however, have any invisible 
regions. In figure 4.11a these stacking faults are invisible but there are 
no parallel partial dislocations of the type associated with a microtwin, A 
g, 3g, g=220, weak beam image is shown in figure 4.11c which shows more
clearly the region of intersection of the stacking fault and microtwin in 
different rosette arms. The stacking fault in the [110] arm appears to start 
or finish at the first microtwin in the [110] arm.
4.2,6 TEM OP INDENTED 30%A1 n-DOPED GaAlAs, ANNEALED PRIOR TO THINNING.
The effects of annealing an indented 30%A1 n-doped alloy are shown in figure 
4.12. Two microtwins can be seen in the ±[110] rosette arms in figure 4.12a,
g=220. In the [110] direction they extend about 5pm from the center of the
indentation, while in the [110] direction they extend beyond the edge of the
micrograph, which is 6pm from the center of the indentation. A second
stacking fault is imaged in the [110] direction, but this does not have the 
characteristic invisible fringes associated with a microtwin. This stacking 
fault is more likely to be an individual dissociated dislocation where the 
partial dislocations have separated due to the applied stress. In figure 
4.12b, g=220, the partials associated with the microtwin in the ±[110]
rosette arms are imaged, the stacking fault fringes are invisible for g=220. 
The partials which are associated with the microtwin in the [110] direction 
have their line direction perpendicular to the closest face of the
indentation. In the [ÎÏ0] direction the line directions of the partials are
slightly different in appearance. They are in the form of half loops which
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at the end furthest from the indentation are perpendicular to the closest 
face. They extend back towards the indentation curving inwards towards the 
center of the indentation so that the line direction becomes parallel to the 
[110] direction. There are no microtwins parallel to the ±[110] rosette
arms, although there are a large number of perfect dislocations visible. 
Some are perpendicular to the faces of the indentation while others have 
dislocation lines that extend back towards the center of the indentation, 
running parallel to the ±[110] directions.
4.2.7 TEM OF INDENTED 16.5%A1 p-DOPED GaAlAs.
Figure 4.13 shows two micrographs of a 16.5%A1 p-doped specimen, in figure
4.13a, g=220 and in figure 4.13b, g=220. These reveal microtwins in both
rosette arms. The partials associated with the microtwins have their line 
directions approximately perpendicular to the closest face of the 
indentation. The microtwin in the [110] direction extends approximately
5.5pm from the center of the indentation while those along the [110] 
direction reach the edge of the micrograph, a distance of 5pm from the 
center of the indentation.
4.2.8 TEM OF INDENTED 30%A1 p-DOPED GaAlAs.
The results of indenting a p-doped 30%A1 alloy specimen are shown in figure 
4.14. In the [110] rosette arm of figure 4.14a, g=220, there is a microtwin 
which extends a distance of approximately 4pm from the center of the 
indentation. In figure 4,14b the partials associated with these microtwins 
are visible, the stacking fault fringes being invisible with g=220. The line 
directions of these partials are perpendicular to the closest face of the 
indentation. In the [110] rosette arm in this micrograph two microtwins are 
also imaged. The buckling of the foil around the indentation means that only
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one set of overlapping stacking faults are clearly imaged in this 
micrograph, in figure 6.23a the overlapping stacking faults of this second 
microtwin are clearly imaged. The associated partials being visible in 
figure 4.14a. The two microtwins in the [110] direction extend a distance of 
4pm from the center of the indentation. There are a group of perfect 
dislocations close to these partials, with line directions similar to the 
partials.
4.3 CRACKING AROUND THE INDENTATION.
Asymmetrical cracking was seen around the indentations in SI GaAs and the 
n-doped GaAlAs alloys. Cracking normally occurs parallel to the ±[110] 
rosette arms with some cracking in the ±[110] arm and <100> directions. In 
p-doped GaAlAs cracking was not seen. Figure 4.15 shows SEM micrographs of 
indentations in SI GaAs made at RT, the specimens have been tilted around 
the [110] direction to improve the contrast of the indentation. Figure 4.15a 
shows a representative 5g indentation, no cracks are visible. The 
indentation is about 3pm across the diagonal. Figures 4.15b&c show 
indentations made with a load of 25g which are about 8pm across the
diagonal. The indentations has been oriented so that they can be compared 
with the TEM specimens. Cracking is parallel to the ±[110] rosette arm and 
some <100> directions in figures 4.15b&c. In figure 4.15c, however,
additional cracks are visible in the [110] rosette arm. The pattern of crack 
occurrence is similar to that seen around 5g indentations after thinning 
with cracks formed predominantly parallel to the ±[110] rosette arm. 
Cracking occurs parallel to the ±[110] rosette arm and the <100> directions 
but they were not the norm. The cracking seen around 25g indentations made 
at RT in the samples of GaAs with GaAlAs capping layers appears to be more 
symmetrical than that in SI GaAs this suggests that cracking is initiated at
the surface which makes it possible for thin capping layers to effect the
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cracking around indentations. Indentations made with loads of 50g and above 
on the various compositions of sample resulted in cracking occurring with 
about equal frequency in both rosette arms.
4.4 DISCUSSION OF RESULTS FROM INDENTED SPECIMENS.
A comparison of the effects of doping and Al concentration on the 
dislocation and microtwin distribution around an indentation is possible 
because the slip plane character is known for each composition. This enables 
the {111} planes with the same atom types to be aligned and thus a direct 
comparison is achieved between the SI GaAs and different compositions of 
GaAlAs. In section 4.2 the geometry that has been used was explained. The 
results from the different alloys have been collected and form the table in 
figure 4.16. Comparing the sizes of the microtwins in the rosette arms 
around the indentations shows that there is a large variation. The values in 
brackets in the table are for single extended stacking fault. The smallest 
microtwin is 4pm in extent and the largest over 13pm in size. Within a 
particular composition, however the size varies from 4.5 to 8pm in the same 
rosette arm. This suggests that there is a large variability in the rosette 
size in a particular composition of sample and no attempt will be made to 
quantify these initial results. The data on the size of the microtwins can 
better be employed to identify where raicrotwins occur. Where a particular 
position in the table is blank this means that no microtwins were imaged 
along the particular rosette arm. The effects of Al composition, doping, 
annealing and the capping layer thickness will now be examined,
4.4,1 EFFECT OF CAPPING LAYER THICKNESS ON THE DISLOCATION CONFIGURATION.
Examining the tabulated results in figure 4.16 reveals that the capping 
layer thickness does not effect which rosette arms have microtwins nor the
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size of the rosette arms. The GaAs specimens are substrate material so the 
layer thickness is equal to the thickness of the whole wafer, about 500pm. 
The microtwins seen in both rosette arms are between 4 and 8pm in extent. 
The 10%A1 n-doped GaAlAs specimens have a capping layer 1.2pm thick and 
microtwins were imaged extending about 10pm in both rosette arms while the 
24%A1 alloy only has microtwins in the ±[110] rosette arm extending 8pm but 
its capping layer is 3.3 pm thick. The 16.5%A1 alloy has microtwins in 
both rosette arms which extend between 4.5 and 8pm and its capping layer is 
4.7pm thick. The 20%, 30% n-doped and 30% p-doped GaAlAs alloys all have a 
capping layer 1.3pm in thickness. For the 20%A1 and 30%A1 n-doped GaAlAs 
microtwins have only been seen in the ±[110] rosette arms while in the 
p-doped 30%A1 GaAlAs they were imaged in both rosette arms. These results 
show that the occurrence of microtwins in the rosette arms around an 
indentation is not due to the alloys having different capping layer 
thicknesses.
4.4.2 EFFECT OF DOPING AND THE Al CONTENT ON THE DISLOCATION CONFIGURATION.
Of all the n-doped alloys examined only the 10%A1 alloy has well developed 
microtwins, formed from many overlapping stacking faults, in the ±[110] 
rosette arm. Although stacking faults appear in this rosette arm in the 
30%A1 specimens they do not have the characteristic invisible regions 
associated with microtwins. The microtwin in the [110] arm of the SI GaAs 
has a single invisible stacking fault. In the ±[110] rosette arm microtwins 
are seen frequently in all the n-doped GaAlAs specimens and SI GaAs. In the 
two p-doped alloys, 30% and 16.5%A1, there are microtwins in both the ±[110] 
and ±[110] rosette arms. From these results it is apparent that doping has a 
pronounced effect on the occurrence of microtwins in GaAlAs for all the 
ranges of Al composition investigated. In the 30%A1 alloy the n-doped 
crystal has microtwins in the ±[110] rosette arm and single extended
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stacking fault in the perpendicular ±[110] arm. When the same alloy with the 
same capping layer thickness is p-doped well developed microtwins are seen 
in both rosette arms.
The p-doped 16.5%A1 and the 10%Al n-doped alloys have microtwins in both 
rosette arms. In the 20% and 24%A1 n-doped GaAlAs the results show that 
microtwins were seen in the ±[110] rosette arm but neither single extended
stacking faults nor microtwins were seen in the ±[110] arm. The 10%A1
n-doped GaAlAs specimens have a similar capping layer thickness and the same 
doping element. Si, as the other n-doped GaAlAs compositions. It is 
therefore possible that the 10%A1 composition of n-doped GaAlAs is a 
transition point in the dislocation configurations around indentations. The 
occurrence of microtwins in the ±[110] rosette arm, however, is very much 
the exception rather than the norm.
4.4.3 EFFECT OF ANNEALING AFTER INDENTATION ON THE DISLOCATION CONFIGURATION.
Comparing the results from the 30%A1 alloy annealed and unannealed, shown in 
figure 4.16, leads to the conclusion that annealing possibly causes the 
microtwins to enlarge slightly but little else. Although the annealed 
specimen did not have any extended stacking faults in the ±[110] rosette arm 
this does not mean that the annealing caused stacking faults to disappear 
from the ±[110] arms. Not every 30%A1 specimen examined had stacking faults
in these arms so it is possible that the annealed specimen did not have any
stacking faults in these arms prior to annealing.
Examination of the micrographs in figures 4.10 and 4.12 reveals certain 
differences caused by annealing. The dark curved bands which start and 
finish at the corners of the indentation in figure 4.10 are missing from the 
annealed specimen in figure 4.12. These bands are caused by unrelaxed 
stresses in the crystal which are relaxed by annealing as would be expected 
and it becomes easier to achieve good diffraction conditions. The other
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effect of annealing is the expansion of perfect dislocations from close to 
the indentation out into the crystal. Although this makes determination of 
their Burgers vector easier it also gives a false picture of the extent of 
perfect dislocation loops. No half loops of the type seen close to the 
microtwins in figure 4.10 are seen in the annealed specimen. For these 
reasons it is preferable to examine unannealed specimens although
unfortunately this makes the TEM more difficult.
4.4.4 COMMON DISLOCATION FEATURES AROUND INDENTATIONS.
In this section the features that are seen around an indentation regardless 
of the doping or Al content are commented on. Examination of the specimens 
shows that the dislocation configuration is concentrated close to the
indentation. In areas that are tens of microns away from an indentation no 
dislocations are visible. This is expected since GaAlAs is lattice matched 
with GaAs. The rosette arms in which microtwins occur depends on the
particular composition of the GaAlAs alloy being examined and the doping. 
Two details that are independent of these factors are the position of the 
microtwins relative to the indentation and the line direction of the
associated partial dislocations. All of the microtwins examined in this work 
initiate from the edge of the indentation.
The partial dislocations associated with the microtwins have line directions 
which are approximately perpendicular to the closest face of the
indentation. In some cases this rule does not strictly apply. For example in
figure 4.12 which shows micrographs of annealed 30%A1 n-doped material the 
partial dislocations in the [110] direction have dislocation lines in the
form of a half-loop. At the edge of the microtwin furthest from the center
of the indentation the dislocation lines are perpendicular to the closest 
face of the indentation. As the line extends towards the center of the 
indentation it curves back until it is parallel to the [110] direction. It
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seems likely that all the partial dislocations associated with microtwins 
have dislocation lines like this, but in the majority of microtwins examined 
the parts of the dislocation line parallel to the stacking fault fringes are 
so deep in the crystals that they have been removed during part of the TEM 
specimen preparation.
Some of the perfect dislocations seen around indentations have dislocations 
in the form of dislocation half-loops. The Burgers vectors of these 
dislocations are such that the part of the dislocation line parallel to the 
direction of the rosette arm are screw dislocations. The two half-loops seen 
in figure 4.10 are examples of this. Frequently this type of dislocation has 
been observed to glide under the influence of the electron beam.
Another type of dislocation commonly seen around indentations in these 
materials has a dislocation line which is perpendicular to the closest face 
of the indentation. These can be seen in figure 4.12, annealed 30%A1 n-doped 
and figure 4.8, 20%A1 n-doped GaAlAs. In fact this type of perfect
dislocation is often close to a microtwin as in figure 4.14, p-doped 30%A1. 
In figure 4.14 this type of perfect dislocation forms a series of parallel 
dislocation lines which appear similar to the groups of partial dislocations 
associated with microtwins.
4.4.5 CONCLUDING REMARKS ON THE DISLOCATION CONFIGURATION AROUND INDENTATIONS
The results of indenting the different compositions of GaAlAs have been 
examined in some detail in this chapter. The occurrence of dislocations and 
particularly microtwins has been considered but the real nature of these 
defects has not been examined. In the next two chapters the microtwins will 
be examined in more detail and will include the determination of the fault 
planes, the nature of the overlapping stacking faults which form the 
microtwins and the Burgers vectors and core atom types of the partial 
dislocations associated with the microtwins.
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Figure 4.1 The {111} faces of SI GaAs after preferential etching, (a&b) Ga 
and As planes respectively after etching in a solution of HCl, HNO^ and H^O. 
(c&d) Ga and As planes respectively after etching in a solution of HNO^ and
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Figure 4.2. The opposite {111} faces in GaAs specimens with capping layers 
of various compositions of GaAlAs after preferential etching in a solution 
of HCl, HNO^ and H^O. (a&b) Ga and As planes respectively for a sample with 
a 10%A1 n-doped GaAlAs capping layer, (c&d) Ga and As planes respectively 
for a sample with a 16.5%A1 p-doped GaAlAs capping layer, (e&f) Ga and As 
planes respectively for a sample with a 20%A1 n-doped GaAlAs capping layer, 
(g&h) Ga and As planes respectively for a saiqple with a 24%A1 n-doped GaAlAs 
capping layer, (i&j) Ga and As planes respectively for a sample with a 30%A1 
n-doped GaAlAs capping layer, (k&l) Ga and As planes respectively for a 
sample with a 30%A1 p-doped GaAlAs capping layer.
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Figure 4.3. A schematic diagram showing the paired nature of the {111} 
planes around an indentation on the (001) surface.
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Figure 4.4. A  schematic diagram showing the orientation of an indented 
specimen in the TEM, The indented face is on the bottom of the foil when in 
the microscope.
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Figure 4.5. TEM bright-field micrographs of two indentations in SI GaAs. 
(a,b&c) An indentation with microtwins in both rosette arms. The overlapping 
stacking fault fringes of two microtwins are visible in the ±[110] rosette 
arm in (a) . (b) The microtwin marked I in (a) at higher magnification 
showing the characteristic fringe pattern of overlapping stacking faults.
(c) The overlapping stacking fault fringes of a microtwin, marked MT, and an 
extended stacking fault, marked SF, are visible in the ±[110] rosette arm.
(d) A second indentation with two microtwins visible in the ±[110] rosette 
arm. Around this indentation there is an asymmetrical pattern of cracks 
which start from the corners of the indentation.
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Figure 4.6 (a&b) Two TEM bright-field micrographs of an indentation in 10%A1 
n-doped GaAlAs imaged using perpendicular g vectors. Comparison of these two 
micrographs shows that microtwinning has only occurred in the ±[110] rosette 
arm where there are three microtwins parallel to a crack.
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Figure 4.7 TEM bright-field micrograph of an indentation in 10%Al n-doped 
GaAlAs. The overlapping stacking fault fringes of three microtwins in the 
±[110] rosette arm are visible. Cracking is only visible parallel to the 
±[110] rosette arm
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Figure 4.8 (a&b) Two TEM bright-field micrographs of an indentation in 20%A1 
n-doped GaAlAs imaged using perpendicular g vectors. Comparison of these two 
micrographs shows that microtwinning has only occurred in the ±[110] rosette 
arm where a single microtwin is visible. Perfect dislocations are visible in 
the ±[110] rosette arm.
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Figure 4.9 (a&b) Two TEM bright-field micrographs of an indentation in 24%A1 
n-doped GaAlAs imaged using perpendicular g vectors. Comparison of these two 
micrographs shows that microtwinning has only occurred in the ±[110] rosette 
arm where there are three microtwins. No cracking has occurred around the 
indentation.
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Figure 4.10 (a&b) Two TEM bright-field micrographs of an indentation in
30%A1 n-doped GaAlAs imaged using perpendicular g vectors. Comparison of 
these two micrographs shows that microtwinning has only occurred in the 
±[110] rosette arm where there is a microtwin. A crack has occurred parallel 
to the microtwin.
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Figure 4.11 (a&b) Two TEM bright-field micrographs of an indentation in
30%A1 n-doped GaAlAs imaged using perpendicular g vectors. Comparison of 
these two micrographs shows that microtwinning has only occurred in the 
±[110] rosette arm where there are three microtwins. In the ±[110] a
stacking fault is visible. (c) A weak beam image g,3g showing the
intersection of the stacking fault and microtwin.
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Figure 4.12 (a&b) Two TEM bright-field micrographs of an indentation in
30%A1 n-doped GaAlAs imaged using perpendicular g vectors. The specimen was 
annealed prior to thinning. Comparison of these two micrographs shows that 
microtwinning has only occurred in the ±[110] rosette arm where there are 
two microtwins. No cracking has occurred.
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Figure 4.13 (a&b) Two TEM bright-field micrographs of an indentation in
16.5%A1 p-doped GaAlAs imaged using perpendicular g vectors. Comparison of 
these two micrographs shows that microtwinning has occurred in both the 
rosette arms. No cracking has occurred.
(a)
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Figure 4.14 (a&b) Two TEM bright-field micrographs of an indentation in
30%A1 p-doped GaAlAs imaged using perpendicular g vectors. Comparison of 
these two micrographs shows that microtwinning has occurred in both the 
rosette arms. No cracking has occurred.
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(b) (c)
Figure 4.15 SEM micrographs of indentations in SI GaAs. (a) A representative 
5g indentation made at room temperature. No cracking is visible, (b&c) Two 
25g indentations made at room temperature. In (b) cracking is visible in the 
±[110] rosette arm and the [100] and ±[010] directions. In (c) Cracking is 
visible in the ±[110] and [110] rosette arms and the [100] direction.
-_a4_
%A1 Doping Capping
layer
Extent 
in the
of microtwins in 
four rosette arms
jum
thickness (/im) [110] [Î10] [110] [1Ï0]
0 SI substrate 78
10
7 4 (8)
10 n 1.2 - 13 10
20 n 1.3 4 6 - -
24 n 3.3 >8 84.5 - -
30 UAn n 1.3 4 6 - (4)
30 An n 1.3 >,6 5 - -
16. 5 p 4.7 5,5 4.5 >5 8
30 P 1.3 4 3.5 4 —
Figure 4.16 A table of results listing the size of microtwins seen in the 
different rosette arms. The values in brackets are the size of an extended 
stacking fault in the particular rosette arm. For 30%Al n-doped GaAlAs the 
abbreviations UAn and An are used to distinguish the unannealed and annealed 
specimens respectively.
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CHAPTER 5 .
IMAGING STACKING FAULTS.
5.1 INTRODUCTION.
This chapter will deal with the imaging of stacking faults and in particular
groups of overlapping stacking faults which may form a microtwin. In the
final section of this chapter the characteristic twinning spots caused by a 
microtwin will be used to establish that the groups of overlapping stacking 
faults seen around indentations are microtwins. As way of a general 
introduction the diffraction contrast associated with a stacking fault and 
overlapping stacking faults forming a microtwin is considered which enables 
the nature and fault planes to be found. There is a close relationship 
between partial dislocations and stacking faults. Two separate pieces of 
analysis are required to determine the Burgers vectors of the partial
dislocations associated with the microtwins and the nature of the stacking 
faults in the microtwins. In this chapter the stacking faults will be 
investigated while in the chapter 6 the Burgers vectors of the partial
dislocations associated with the stacking faults forming microtwins will be 
determined.
5.2 DIFFRACTION CONTRAST FROM STACKING FAULTS.
In this section the diffraction contrast from single and overlapping 
stacking faults is considered. Two methods using the diffraction contrast 
from bright- and dark-field images are then described which enable the 
nature of the stacking faults, i.e. whether intrinsic or extrinsic, to be 
determined.
5.2.1 DIFFRACTION CONTRAST PROM A SINGLE STACKING FAULT.
Stacking faults are the least complicated planar defect since only a 
displacement of the crystal across the fault plane is involved. Whelan and 
Hirsch [8 6] were the first to consider the contrast effect of a stacking 
fault. As a wave crosses the faulted region it suffers a phase change 
a=2irg.R where R is the fault vector. Since a is a phase factor, the contrast 
is invariant under changes of 2xn, where n is an integer. When the fault is 
inclined to the foil, fringes will occur just as for a wedge specimen. When 
R is equal to a lattice translation the phase contrast is zero since g.R is 
an integer. For stacking faults, however, R  cannot be a lattice translation 
vector, but there are certain values for which g.R will be an integer. This 
enables faults to be studied in a manner similar to that adopted for 
dislocations. In fee materials the fault vector can have two values, these 
are:
R =—<112> or R =—<111>.s o  f 3
The contrast produced by these two displacements will, however, be identical 
since the two fault vectors R and R^ are separated by a lattice
displacement of the type ^<110>. An example of a specific case is given
below :
|[112] = ^^îïî] + |[110].
The lattice vector contributes a term 271 to a and hence gives rise to a
factor equal to one, for the phase factor e^*. This means that any
diffraction contrast experiments on stacking faults will not be able to
differentiate between these faults and the associated Burgers vectors of
partial dislocations. To determine the Burgers vector of a partial
dislocation associated with a stacking fault the dislocation image itself 
must be studied.
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5.2.2 DIFFRACTION CONTRAST FROM OVERLAPPING STACKING FAULTS.
The contrast expected from closely spaced overlapping stacking faults is 
simply the sum of the individual phase angles. Suppose that two intrinsic 
stacking faults overlap on closely spaced planes. The total phase angle is 
equal to the sum of the individual phase angles of the intrinsic faults. So 
that if (x=2n/3 for each fault it is 4tt/3 for the pair, which is equivalent 
to -2n/3 which corresponds to an extrinsic fault. This change in the sign of 
a will also cause a reversal in the fringe contrast, light fringes will 
become dark and vice versa. If a third intrinsic fault is added than there 
will be no contrast since the phase change will be equal to 2ir. If an 
extrinsic/intrinsic pair of faults overlap, the shears of the individual 
faults will cancel each other out and no contrast is expected. If the 
stacking faults are not closely spaced greater care must be taken. The 
greater separation of the faults means that the edge portions of the 
stacking faults are not overlapping and so the edge fringes will not have 
the variation in contrast expected. The image could also be affected by 
anomalous absorption particularly for overlapping stacking faults which are 
well separated.
The majority of stacking faults seen in the materials examined for this 
project have been overlapping groups and it has been assumed these are on 
adjacent planes and therefore form microtwins. In section 5.4 this will be 
proved for certain examples. Figure 5.1a, for example, shows a two-beam 
bright-field image of a microtwin in a 20%A1 n-doped specimen in which five 
stacking faults are overlapping, and the third fault from the end has no 
contrast. This implies that the faults are of the same nature. The contrast 
at the edge of the faults is symmetrical about their centre and reverses as 
each new stacking fault is introduced. It starts light, then reverses to 
dark*in bright-field. At the point where the fourth stacking fault from the 
end overlaps the contrast is the same as the initial fault. This shows that
there is a 3n+l periodicity in the contrast from the overlapping stacking 
faults making up this microtwin which would only happen if the nature of all 
the stacking faults is the same. The excellent quality of the summation of
the phase changes from each fault indicates that they are very close
together so that there are minimal absorption effects on the fault
combinations.
Diffraction experiments can reveal whether a stacking fault is intrinsic or 
extrinsic in nature and the position of the top and the bottom of the foil 
which pinpoints the fault plane that the stacking fault is on. The fault 
plane can be determined by comparing bright and dark-field images; careful 
large angle tilting experiments can confirm the inclination of the stacking 
fault by measuring the change in the projected width (see section 6.2). The 
contrast at the edge of the stacking fault can be used to discover the 
nature of the stacking fault. Much of the stacking fault image depends upon 
anomalous absorption effects at the top and bottom of the foil this means 
that the rules described in the following apply to "thick” specimens. Art, 
Gevers and Amelinckx [87] have calculated that specimens must have a 
thickness of at least 3 times the extinction distance for these rules to 
apply. With any diffraction experiments where the absolute sign of the g 
vector is required care must be taken to determine the orientation of the 
diffraction pattern to the image. As explained in section 3.5 the JEOL 
2000fx TEM has a 180° rotation between the image and the diffraction
pattern.
5.2.3 DETERMINATION OF THE NATURE OF A STACKING FAULT AND THE INCLINATION OF 
ITS FAULT PLANE.
Two methods are commonly used to determine the nature of stacking faults, 
one uses the asymmetrical edge contrast from a centred dark-field image and 
the other the symmetrical edge contrast of the bright-field image. For the
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latter method the orientation of the fault plane must be known. By comparing 
the centred dark-field and bright-field images this information can be 
obtained. In order that the the fault planes can be determined the centred 
dark-field method will be described first.
5.2.3.1 USE OF THE DARK FIELD IMAGE TO DETERMINE THE NATURE OF A STACKING 
FAULT.
Gevers, Art and Amelinckx [88] were the first to determine the nature of a 
stacking fault from the centred dark-field image and diffraction pattern 
alone. They gave a rule for this: the g vector is placed at the centre of 
the stacking fault in the centred dark-field image, and the nature of the 
stacking fault is determined by whether it points away or towards the light 
edge fringe or the dark edge fringe and the class of reflection being used. 
Gevers et al. defined two classes of reflection A and B. Class A includes 
{200}, {222} and {440} while {111}, {400} and {220} are class B reflections. 
If a class A reflection points towards the light fringe the stacking fault 
is intrinsic, but for a class B reflection this result would be caused by an 
extrinsic fault. The possible results from this method and their meaning are 
summarised in figure 5,2a. Figures 5.la&b show a bright-field and centred 
dark-field image respectively, both with g=220, of five overlapping stacking 
faults in a 20%A1 specimen. For the first and the fourth set of fringes from 
the end of the faults the g vector is pointing towards the dark edge fringe 
in the centred dark-field image. The g vector is 220, and is therefore a 
class B refection. Examination of the table in figure 5.2a reveals that 
these faults are intrinsic. Since there is a 3n+l periodicity this implies 
that all the faults are intrinsic i.e. there are no extrinsic faults. The 
asymmetrical contrast depends on anomalous absorption and these rules 
therefore apply to "thick" specimens. The extinction distance for 220 
diffraction vectors in these materials is about 55nm. The specimens must
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therefore be greater than 165nm in thickness for this method to work. The 
projected width, W, of these overlapping stacking faults is about 450nm. The 
thickness of the foil is equal to W.tanG where 0 is the angle between the 
{111} planes and the (001) surface i.e. 56°. The foil is therefore 
approximately 650nm thick. This specimen is clearly thick enough to apply 
this method, as is the case for all the other microtwins examined in this 
work.
Hirsch, Howie, Nicholson, Pashley and Whelan [89] have calculated that the 
edge where the bright-field and centred dark-field images are of similar 
contrast corresponds to the point where the fault and the top of the foil 
meet. This is the point where the electron beam enters, the crystal. The 
bottom of the foil is therefore the edge that has opposite contrast. This 
information enables the inclination of the stacking fault to be determined 
by comparing bright-field and centred dark-field images, taken with the same 
diffraction conditions. In figure 5.la&b the overlapping stacking faults 
intersect the top of the foil at the edge closest to the bottom of the 
micrographs. This means that the faults are on the (111) planes. The 
microtwin in figure 5.1 is at a higher magnification than used in chapter 4 
and the indentation is not in the micrograph. This means that it is not 
possible to identify the position of the microtwin relative to the 
indentation simply by inspection of the micrograph. Figure 5.1c is a 
schematic diagram of the possible positions where a microtwin may occur with 
the approximate projections of the twinning dislocation line directions 
represented by the hatching in the twin domains. The notation in this figure 
will be used in future to identify the position of a microtwin relative to 
the indentation. The microtwin in figure 5.1 is in position MT^ and the 
fault planes therefore converge under the indentation. With the knowledge of 
the inclination of the stacking faults their nature can now be determined by 
the second method which uses the contrast from the edge of the fault in the 
bright-field image together with the inclination of the fault.
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5.2.3.2 THE USE OF EDGE CONTRAST IN BRIGHT FIELD IMAGES TO DETERMINE THE 
NATURE OF A STACKING FAULT.
The edge contrast of a stacking fault in the bright-field image is 
determined by the sign of the phase angle oc, modulo Since a=2itg.R it
is then possible from the contrast to determine the sign of R using the 
known g vector. The sign of R enables the nature of the stacking fault to be 
determined. This method was first used by Hashimoto, Howie and Whelan [90] 
and figure 5.1a will be used to illustrate this method. In this micrograph 
the fourth fault has light edge fringes. The convention for defining the 
phase angle is illustrated in figure 5.2b. The top part of the crystal is 
imagined to be fixed while the bottom part is displaced by R. Cubic axes are 
chosen so that the atom at the origin is fixed and the part on the positive 
[111] direction side is displaced as for an intrinsic or extrinsic stacking 
fault on the (111) plane. In the diagram in figure 5.2b the atom at the 
origin must be imagined to be- in crystal 1 and the [111] direction must be 
pointed towards crystal 2. Although the R in this case has been taken as the 
Frank partial this method is equally applicable to faults produced by the 
Shockley partials since as pointed out in section 5.2.1 these vectors are 
related by a lattice translation and so with regards to stacking fault 
contrast are equivalent. Using this convention Hashimoto et al. [90] 
calculated that a=+27i/3 for a bright edge fringe. The stacking faults are on 
the (111) planes so an intrinsic fault can be formed by the removal of part 
of one of these (111) planes and the fault vector R =g[lll]. The extrinsic
fault is formed by inserting a layer so that R  =§[111]. Since a=27ig.R andex 3
in this case a=+27r/3 then g.R must equal +1/3, or a modulo 2n equivalent. 
The g vector for this bright-field image was 220 and R must therefore be 
equal to |[llï], since g.R=+4/3 and a=87r/3 which is equivalent to 6m+2%/3. 
This means that this stacking fault is intrinsic in nature. The 3n+l
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periodicity of the overlapping stacking faults in this micrograph means that 
they must all be intrinsic in nature.
The results from this method agree with those obtained from the centred 
dark-field image namely that the overlapping stacking faults in figure 5.1 
correspond to closely adjacent faults which are intrinsic in nature. In the 
following examination of the other compositions of GaAlAs and SI GaAs only 
the centred dark-field method will be used since it is easily applied. In
addition both the dark-field and the bright-field image are required in
order to determine the inclination of the stacking faults which is central 
to the bright-field method.
5.3 THE NATURE OP OVERLAPPING STACKING FAULTS FORMING MICROTWINS IN SI GaAs 
AND GaAlAs ALLOYS.
The results in this section have been split into two groups, one containing
the n-doped specimens and SI GaAs and the other the p-doped specimens. The
centred dark-field method has been used to determine the nature of the 
stacking faults and their fault planes. In all cases the type <220> B class 
g vectors are used for the determination of the nature of the stacking 
faults. The nomenclature described in section 5.2.3.1 will be used to 
pinpoint the position of the microtwin relative to the indentation. In each 
of the centred dark-field images an arrow has been used to indicate the 
position of a clear 3n+l, where n is an integer, edge fringe.
5.3.1 THE NATURE OF OVERLAPPING STACKING FAULTS WHICH FORM MICROTWINS IN SI 
GaAs AND n-DOPED GaAlAs ALLOYS.
A microtwin in the rosette arm parallel to the [110] direction, position MT^ 
in figure 5.1c, is shown in figures 5.3a&b, bright- and centred dark-field 
respectively both g=220, which is from a SI GaAs specimen. In the centred
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dark-field image the dark edge fringe of the fourth overlapping stacking 
fault is marked with an arrow. The class B g vector points towards this dark 
edge fringe and this fault is therefore intrinsic. Examination of the 
overlapping stacking faults forming this twin shows a 3n+l periodicity, 
which proves that all these faults are intrinsic in nature. By comparing the 
bright-field and centred dark-field images the inclination of the fault 
plane in the foil is revealed. The edge fringes closest to the indentation 
have the same contrast in bright-field and centred dark-field and this is 
therefore the top of the foil. The indent is on the bottom surface of the 
foil, as shown in figure 4.4, and as in this figure the fault planes 
converge under the indent and are (111) planes. A second microtwin from the
[110] rosette arm, position MT- in figure 5.1c, is shown in figures 5.3c&d, 
bright-field and centred dark-field respectively both g=220. The degree of 
overlap between the different faults is smaller than the microtwin in figure 
5.3a&b. In both images the edge furthest from the indent is not clearly 
visible. The other edge is clearer and the thirteenth edge fringe closest to 
the indent is marked with an arrow in the centred dark-field image and is 
dark. The g vector points towards this fringe which means that this fault is 
intrinsic. The tenth fault also has a dark edge fringe and the ninth to the 
fourteenth overlapping faults show a 3n+l repeating pattern. In the 
bright-field image the first five overlapping faults also clearly show a 
3n+l repeating pattern this suggests that all the faults are intrinsic. The 
top of the foil is at the edge of the microtwin marked with an arrow where 
the edge contrast of the centred dark- and bright-field images is the same. 
This is the edge closest to the indentation which means that like the 
previous microtwins examined the fault planes converge under the indentation 
and in this case they are (111) planes.
A third microtwin, with only four overlapping faults visible, from the [110] 
roseate arm is shown in figures 5.3e&f, position MT^ in figure 5.1c. These 
micrographs are a bright-field and centred dark-field image respectively
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both with g=220. The first edge fringe closest to the indent is marked with 
an arrow in both micrographs. In the centred dark-field image this fringe 
although narrow appears light while in the bright-field image it is dark. 
The g vector points away from this light edge fringe in the centred
dark-field image and this first fault is therefore intrinsic. The four
overlapping faults visible show a 3n+l repeating contrast pattern and are 
all therefore intrinsic. The edge fringes marked with arrows in the bright- 
and centred dark-field images have opposite contrast and are therefore the 
bottom of the foil. This must mean that unlike the microtwins in the [110] 
rosette arm so far examined, which have fault planes that converge under the 
indent, these have fault planes that diverge and are (111) planes.
A microtwin from each rosette arm seen in 10%A1 n-doped GaAlAs is shown in 
figure 5.4. In figures 5.4a&b a microtwin in the [110] rosette arm, position 
MT^ in figure 5.1c, is imaged in bright-field and centred dark-field
respectively with g=220. In the centred dark-field image the fourth edge 
fringe closest to the indent is marked with an arrow, this is a dark fringe. 
The g vector points towards this dark edge fringe which means that this
stacking fault is intrinsic. Examination of the bright- and centred 
dark-field images reveals that the overlapping stacking faults forming this 
microtwin have a periodic 3n+l contrast variation. All the faults are
therefore intrinsic in nature, A microtwin in the [110] rosette arm,
position MT- in figure 5.1c, is shown in figures 5.4c&d, bright-field and 
centred dark-field respectively both having g=220. In this centred 
dark-field image the edge fringe furthest from the indent of the seventh 
fault is marked with an arrow. This is a light edge fringe. The g vector 
points away from this light edge fringe of the fault which means that this
fault is intrinsic. The clear 3n+l repeating contrast pattern of the
overlapping stacking faults in this microtwin means that they are all 
intrinsic in nature. Comparison of the centred dark-field and bright-field 
images of the two microtwins, figures 5.4a&b and c&d respectively, shows
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that in both cases the edges of the microtwins marked with an arrow have the 
same contrast in bright- and centred dark-field and are therefore in each 
case the top of the foil. The fault planes for the microtwin in position MT^ 
converge under the indentation since the edge of the microtwin closest to 
the indentation is the top of the foil, the fault planes are therefore 
(111) . In the case of the microtwin in position MTg the edge furthest from 
the indentation is at the top of the foil which means the fault planes are 
(111) which diverge from the edge of the indentation.
In the 2 0%A1 samples microtwins were observed in the ±[110] rosette arms 
only. A microtwin in the [110] arm, position MT^, has already been examined 
in figures 5.la&b both with g=220. This showed that the stacking faults were 
intrinsic and the fault planes were the (111) which converge under the 
indentation. The microtwin shown in figures 5.5a&b, bright-field and centred 
dark-field respectively both with g=220, is from the [110] rosette arm, 
position MT-. The 3n+l contrast repetition is not so clear in the individual 
micrographs but the examination of both micrographs enables this repeating 
pattern to be seen. The edge fringe of the first fault furthest from the 
indent in the centred dark-field image is marked with an arrow and the g 
vector is pointing away from this light edge fringe. This is therefore an 
intrinsic fault. The 3n+l contrast repetition means that this microtwin is 
made up of intrinsic overlapping stacking faults. Comparison of the 
bright-field and centred dark-field image shows that the edge fringes of the 
microtwin furthest from the indentation have opposite contrast and this edge 
is therefore at the bottom of the foil. The edge closest to the indentation 
is the top of the foil so the fault plane is the (111) which converges under 
the indentation.
Specimens of 24%A1, just like those of 20%A1, only have microtwins in the 
±[110] rosette arms. An example from the [110] rosette arm, position MT^ in 
figure 5.1c, of the type of microtwin seen in 24%A1 specimens is shown in 
figures 5.6a&b, g=220, bright-field and centred dark-field images
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respectively. The third and sixth overlapping faults are narrow but these 
are, however, positions where the stacking fault contrast is invisible and 
this microtwin does therefore have a 3n+l contrast repetition. This means 
that the nature all these overlapping stacking faults is the same. The g 
vector points away from the light edge fringe of the seventh fault, marked 
with an arrow, in the centred dark-field image which means that this fault 
and that all the other stacking faults in this microtwin are intrinsic in 
nature. The fault plane converges under the indentation since the edge 
fringes of the microtwin furthest from the centre of the indentation have 
opposite contrast in bright-field and centred dark-field. The fault plane is 
therefore the (111). A second microtwin from a 24%A1 specimen, position MT^, 
is shown in figures 5.6c&d. These are a bright-field and centred dark-field 
micrograph respectively both with g=220. In the centred dark-field image the 
seventh edge fringe closest to the indentation, which has dark contrast, is 
marked with an arrow. The g vector points towards this dark edge fringe so 
this stacking fault is intrinsic. The overlapping stacking faults in this 
microtwin show a clear 3n+l contrast repetition so all of them must be 
intrinsic in nature. Comparing the bright-field and centred dark-field image 
shows that the edge of the microtwin closest to the indentation has similar 
contrast which means that this is the top of the foil and the slip plane is 
the (111) which converges under the indentation.
The microtwins seen in annealed and unannealed 30%Al specimens show similar 
results, microtwins were seen in the ±[110] rosette arms only and examples 
are shown in figure 5.7 for both unannealed and annealed specimens. In 
figures 5.7a&b bright-field and centred dark-field images respectively a 
microtwin from an unannealed sample, position MT^, both with g=220 is shown. 
In the centred dark-field image of figure 5.7b the fourth edge fringe 
furthest from the centre of the indentation is marked with an arrow. This 
edge, fringe is dark and the g vector is pointing towards it. This stacking 
fault is therefore intrinsic. The 3n+l contrast repetition of the
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overlapping stacking faults in this microtwin is clearly visible and all are 
therefore intrinsic in nature. Comparing the bright-field and centred 
dark-field images shows that the edge fringes of the microtwin furthest from 
the centre of the indentation have opposite contrast. This is the bottom of 
the foil and the fault plane is therefore the (111) which converges under 
the indentation. A microtwin from an annealed specimen, position MT^, is 
shown in figures 5.7c&d both g=220, bright-field and centred dark-field 
respectively, only the edge fringes of the stacking faults furthest from the 
centre of the indentation can be seen because of the extended dislocation 
lines imaged at the other edge. Figure 5.7d, however, clearly shows that the 
g vector is pointing away from the light edge fringe of the fourth 
overlapping fault which is marked with an arrow. The 3n+l contrast variation 
means that all these overlapping stacking faults are intrinsic in nature. 
Comparing the bright-field and centred dark-field images reveals that the 
edge furthest from the indentation has complimentary contrast and is 
therefore the bottom of the foil. The fault plane of this microtwin is
therefore the (111) which converges under the indentation. The shape of the
boundary of the microtwin in the annealed specimen is very different from 
those seen in unannealed specimens. The dislocation lines closest to the
indent in the annealed specimen are parallel to the [110] direction, this
suggests that recovery has occurred during annealing and the twin has 
decreased in size. Since this edge has changed in shape the dislocations at 
this boundary may have the greater dislocation velocity.
5.3.2 THE NATURE OF OVERLAPPING STACKING FAULTS WHICH FORM MICROTWINS IN 
p-DOPED GaAlAs ALLOYS.
In the p-doped GaAlAs alloys microtwins were seen in both rosette arms. A 
micrptwin from the [110] rosette arm, position MT-, of a 16.5%A1 specimen is 
shown in figures 5.8a&b, bright-field and centred dark-field images
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respectively both g=220. In the centred dark-field image the g vector is 
pointing at the dark edge fringe of the tenth fault which is marked with an 
arrow and this fault is therefore intrinsic. The overlapping stacking faults 
in this microtwin show a 3n+l contrast variation which means that all the 
stacking faults in this microtwin must be intrinsic in nature. The bottom of 
the foil is at the edge of the microtwin closest to the indentation which 
means that the fault plane is the (111) which diverges from the indentation 
unlike the microtwins in this rosette arm examined in n-doped specimens. 
Figures 5.8c&d which are bright-field and centred dark-field images 
respectively, both g=220, show a microtwin in the [110] rosette arm, 
position MT^. The 3n invisible overlaps are very narrow in this microtwin 
but a 3n+l contrast variation is still visible. The fourth edge fringe 
closest to the centre of the indentation in the centred dark-field image is 
marked with an arrow. This fringe is dark. The g vector points at this dark 
edge fringe and this stacking fault is therefore intrinsic. The 3n+l 
contrast variation in the microtwin means that all the stacking faults in 
this microtwin are intrinsic. The edge fringes of the microtwin closest to 
the indentation have the same contrast in bright-field and centred 
dark-field this must therefore be the top of the foil. In this case the 
fault plane is the (111) which converges under the indentation which is 
again the opposite of what was found for the n-doped specimens.
Two microtwins from 30%A1 p-doped GaAlAs are shown in figure 5.9. In parts 
a&b, bright-field and centred dark-field images respectively both g=220, a 
microtwin in the [110] rosette arm, position MT- in figure 5.1c, is shown. 
The clear 3n+l contrast variation of the overlapping faults means that they 
are all of the same type. The edge fringes with the same contrast in both 
the bright-field and centred dark-field image are furthest from the 
indentation. This is therefore the top of the foil which means that the 
faul^ plane is the (111) which diverges from the indentation. The g vector 
points towards the dark edge fringe of the fourth overlapping fault, which
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is marked with an arrow. This fault is therefore intrinsic in nature which 
means that all the stacking faults in the microtwin are intrinsic. A 
bright-field and centred dark-field image g=220 of a microtwin in the [110] 
arm, position MT^, are shown in figures 5.9c&d respectively. In the centred 
dark-field image the g vector points towards the dark edge fringe of the 
tenth fault which is marked with an arrow. This fault is therefore intrinsic 
in nature. The 3n+l contrast variation of the overlapping stacking faults 
forming this microtwin means that they must all be of the same type, which 
in this case is intrinsic. Comparing the bright-field and centred dark-field 
images shows that the edge fringes furthest from the centre of the 
indentation have opposite contrast, this must therefore be the bottom of the 
foil. The fault plane is therefore the (ÏÏÏ) which converges under the 
indentation.
5.3.3 SUMMARY OF THE RESULTS.
The results from the various compositions of GaAlAs examined have been
summarised in the table shown in figure 5.10, This shows that all the 
microtwins are made up of intrinsic overlapping stacking faults. The 
observation of microtwins depends on the rosette arm studied and the doping. 
The slope of the {111} planes in relation to the indent also depends on
these factors. The A1 content does not appear to have any effect on these 
factors for the microtwins observed in the ±[110] rosette arm. For all the 
n-doped specimens the fault planes converge under the indentation while in 
the p-doped specimens they diverge from the edge of the indentation. In the 
±[110] rosette arm the fault planes for the p-doped specimens converge under 
the indentation. For SI GaAs and n-doped GaAlAs the picture is more
complicated: for the SI GaAs and 10%A1 the microtwins in the ±[110] rosette 
arm have fault planes that diverge from the indentation. For the
compositions with an A1 content greater than 10% no microtwins were seen in
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these rosette arms. The Al content, when n-doped, therefore appears to 
reduce the likelihood of microtwins in the ±[110] rosette arm although it 
has no effect on the fault planes nor the nature of the stacking faults that 
are seen. The Al content when p-doped has no effect on the occurrence of 
overlapping stacking faults or on the nature or their fault planes.
5.4 OBSERVATION OF MICROTWINS.
Groups of overlapping stacking faults that are seen around indentations have 
been referred to as microtwins and in this section proof of this connection 
will be made. Stacking faults and deformation twins are closely related 
since it is possible to build up a deformation twin by placing intrinsic 
stacking faults on adjacent slip planes or extrinsic stacking faults on 
every other slip plane. This will have the effect of creating an area of 
crystal that will have a packing sequence that is the mirror of the matrix, 
an example is shown in figure 5,11a.In this example the boundaries between 
the matrix and twin are intrinsic stacking faults but they could equally be 
extrinsic which wçuld have the stacking sequence shown in figure 5.11b. In 
these two examples the stacking faults are aligned perfectly one on top of 
the other. The overlapping stacking faults on successive planes are of 
unequal length in the microtwins seen around indentations in the various 
GaAlAs alloys and SI GaAs. This means that a 3n+l periodicity is seen in the 
fringe contrast from the microtwin. If the stacking faults were all the same 
length the contrast resulting would depend on the number of overlapping 
stacking faults. For a group consisting entirely of intrinsic stacking 
faults then for 3n+l faults, where n is an integer, the contrast will be as 
for a single intrinsic fault, for 3n+2 stacking faults the contrast will be 
as for an extrinsic fault and for 3n stacking faults there will be no 
contrast. For microtwins where the stacking faults do not entirely overlap 
all three types of contrast will be seen as is the case for the alloys
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examined. The formation of a microtwin requires the intrinsic overlapping 
stacking faults to be on adjacent planes whereas the contrast effects 
described so far might not require this. In this section arguments will be 
put forward which will attempt to find ways of proving whether these 
overlapping stacking faults are actually microtwins.
Examining the quality of the phase contrast summation might give an initial 
guide as to how closely the stacking faults are spaced. In the groups of 
stacking faults examined so far, figures 5.1 and 5.3 to 5.9, the 3n+l 
contrast periodicity of the overlapping stacking faults is clearly seen for 
many overlaps. For example in figure 5.7 it is only after twelve or fifteen 
overlaps that some contrast begins to appear in the otherwise invisible 
region. This in itself does not mean that twins are being formed since the
{111} fault planes are only about 3& apart. The 3n+l contrast variation is
likely to be seen when faults are close but not necessarily on adjacent 
planes. An attempt to quantify the absorption effects due to faults not 
being on adjacent planes is likely to be difficult and has not been 
attempted.
The examination of the positions of intersection of the partial dislocations 
associated with the stacking faults and the foil surface can also give 
information on the spacing of the fault planes. If the partials are part of 
a twin then because they are on planes inclined to the foil surface the 
intersection of the dislocation with the foil surface will have a stepped 
appearance with the step size being a/y  2 which is about 4A. The
micrographs in figures 5.1 and 5.3 to 5.9 are unable to resolve the stepped
nature of the dislocation line/foil surface intersection at the relatively 
low magnifications used. Even at very high magnifications the JEOL 2000fx 
TEM can only just resolve 4A but not in diffraction contrast, making it 
difficult to prove whether twins are present by this method. What is again 
apparent is that the overlapping stacking faults seen around indentations 
are on planes that are close together.
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The most direct evidence for twinning is obtained from examining the 
diffraction effects caused by the twin. The relationship between a twin and 
the matrix is a 180° rotation about the twin axis, or a mirror image formed 
across the twin boundary. In fee crystals the twin boundaries and axes are 
{111} planes and <111> directions respectively. It is therefore possible to 
form a general twinning matrix [91]:
T (1 1 1 )
, 1 2hk 2hl^ 
i 2hk Ï 2kl 
l2hl 2kl Ï
and specifically for the (111) plane;
, 1 2  2 s
2 Ï 2T   = -(111) 3
'^2 2 1 -
For twins with a [111] axis the [114] direction will be transformed to the 
[110] direction. This means that a diffraction pattern with the [114] zone 
axis will have a diffraction pattern from the [110] zone axis superimposed 
upon it due to the twinned material. This is not restricted to the (1ÏÏ) 
plane and the [114] direction, instead for each particular twining plane 
there is a <114> type zone axis that will show twinning spots from a <11Q> 
type zone axis. These are shown in figure 5.11c for the four {111} planes. 
This means that dependent on the twinning plane, a diffraction pattern from 
a <114> zone axis can be used to determine whether twinning has occurred. An 
example of a diffraction pattern with twinning spots is shown in figure 
5.12, The microtwin shown in figures 5.6a&b, from a n-doped 24%A1 sample, 
has produced these twinning spots. The specimen was tilted to the [114] 
since its fault plane is the (111) and the twinning spots are from the [110] 
zone axis. In figure 5.12b the pattern has been indexed with the twin spots 
having the subscript T. In figure 5.13 the diffraction patterns from a 
microtwin on each of the different fault planes are shown with the 
appropriate indexed pattern. In figure 5.12 and 5.13a&b the results for the 
n-doped alloys of GaAlAs are shown. The p-doped GaAlAs alloys are shown in 
figure 5.13c,d&e. The position of the microtwins retain the same absolute
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directions from one specimen to another. These results show that groups of 
overlapping stacking faults seen around indentations in the various 
compositions of n- and p-doped GaAlAs and SI GaAs are microtwins. The 3n+l 
periodicity and intrinsic nature of the overlapping stacking faults do 
therefore form microtwins in these materials. The main difference between 
the microtwins is the number of layers of overlapping stacking faults. This 
can make it difficult to obtain visible twinning spots, but the fact that 
the fault planes and the nature of the stacking faults are the same no 
matter how large the twin means that all these groups of overlapping 
stacking faults can with some degree of certainty be called microtwins. In 
all cases for which good diffraction patterns could be obtained the presence 
of microtwins was confirmed whenever overlapping stacking faults were 
imaged.
114
(a)
Bright-field
^220
(b)
Dark-field
500nmI
(c)
MTi \\\\
MT_ ////
MT-
MT.
MT-4
MT
//// MT-
\\\\ m t -
©
[001]
Figure 5.1. A pair of bright-field and centred dark-field images, (a) and
(b) respectively, both with g=220 of a microtwin in 20%A1 n-doped GaAlAs.
(c) A schematic diagram showing the nomenclature that will be used in future 
to describe the position of a microtwin relative to the indent. The 
projected line directions of the twinning dislocations is represented by the 
hatching in the twin domains. The microtwin is in position MT^ as shown in 
(c) which means that the fault planes converge under the indent.
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Top
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Moved[111] Bottom
Figure 5.2. (a) A table of the possible results for the dark-field method
for determining the nature of a stacking fault, (b) A schematic diagram of a 
stacking fault on the (111) plane which is inclined to the surface of the 
foil. The phase factor a is defined by having the origin of the coordinate 
system in crystal 1 which is fixed. The positive [111] direction goes from 
the fixed crystal to the crystal that has been moved by the creation of the 
stacking fault. R represents the intrinsic Frank partial dislocation.
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Figure 5.3. Pairs of bright-field and centred dark-field images of three
microtwins, in positions MT^, MT- and MT^, in SI GaAs.
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Figure 5.4. Pairs of bright-field and centred dark-field images of two
microtwins, in positions MT^ and MT-, in 10%A1 n-doped GaAlAs.
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Figure 5.5 A MT- microtwin in 20%A1 n-doped GaAlAs. (a&b) A pair of
bright-field and centred dark-field images respectively.
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Figure 5.6 Pairs of bright-field and centred dark-field images of two
microtwins, in positions MT^ and MT^, in 24%A1 n-doped GaAlAs.
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Figure 5.7 Pairs of bright-field and centred dark-field images of two 
microtwins, in positions MT^ and MT^, in 30%A1 n-doped GaAlAs. The images in 
c6cd are from a specimen annealed prior to chemical thinning.
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Figure 5.8. Pairs of bright-field and centred dark-field images of two
microtwins, in positions MT- and MT^, in 16.5%A1 p-doped GaAlAs.
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Figure S. 9. Pairs of bright-field and centred dark-field images of two
microtwins, in positions MT^ and MT^, in 30%A1 p-doped GaAlAs.
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Figure 5.10, Table of results showing the nature and fault planes of 
stacking faults that form microtwins in SI GaAs and n— and p —doped GaAlAs .
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(111) [114] ----- > [110]
(Î1Ï) [Î14] ----- > [Ï10]
Figure 5.11 (a&b) Diagrams showing the stacking sequence for a microtwin
formed from intrinsic and extrinsic stacking faults respectively. (c) A 
tabl^ showing the transformation of the <114> zone axis due to a twin on the 
four (111) planes. See section 5.4 for a more detailed explanation.
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Figure 5.12 (a) A diffraction pattern from the [114] zone axis of a MT^
microtwin in 24%A1 n-doped GaAlAs showing twinning spots, (b) The indexed 
pattern of (a). Twin spots are identified by the subscript 'T'.
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Figure 5.13 Diffraction patterns from around microtwins, each with a 
schematic diagram showing the indexed spot patterns. The subscript 'T' is 
used to represent the twinning spots, (a&b) Diffraction patterns from a MT- 
microtwin in 20%A1 n-doped GaAlAs and a MTg microtwin in 10%A1 n-doped 
GaAlAs respectively. (c&d) Diffraction patterns from a MT^ and a MT- 
microtwin respectively in 16.5%A1 p-doped GaAlAs. (e) A diffraction pattern 
from a MT^ microtwin in 30%A1 p-doped GaAlAs.
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CHAPTER 6 
ANALYSIS OF PARTIAL DISLOCATIONS.
6.1 INTRODUCTION.
In chapters 4 and 5 the occurrence of microtwins was examined in various 
GaAlAs alloys and SI GaAs. So far particular emphasis has been placed on the 
part stacking faults play in deformation microtwins. In this chapter the 
partial dislocations associated with the deformation microtwins will be 
examined in greater detail. This will involve determining the Burgers vector 
and the line direction of the dislocation. With this information the 
position of the half-plane of the dislocation is fixed and the core atom 
type can be found. In the next section the classical g.b method will be used 
to find the Burgers vector of the partial dislocations. The method first 
suggested by Marukawa [92] will be used to find the absolute sign of the 
Burgers vector and hence the atoms at the core of the dislocation.
6.2 DETERMINATION OP THE BURGERS VECTORS OF PARTIAL DISLOCATIONS ASSOCIATED 
WITH A  MICROTWIN.
Comparing bright-field and centred dark-field images to find the nature of 
the stacking faults also determines the top of the foil and enables the 
inclination of the stacking faults to be determined and hence the slip 
plane. This reduces the number of possible Burgers vectors to three. Of the 
three possible values, the Burgers vector of a particular dislocation may be 
deduced by using different two beam bright-field diffraction conditions. 
When the condition g.b=0 is satisfied for a perfect screw dislocation, which 
has its Burgers vector parallel to the line direction, the dislocations will 
be invisible. For an edge dislocation, which has the Burgers vector at right 
angles to the line direction, and a mixed dislocation made up of part screw
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and part edge the problem is more complicated. The displacement field around 
a dislocation involves the vector quantities g.b and g.b^u where u is the 
line direction. For a screw dislocation g.b/u is zero but for the other two 
dislocation types this is not always the case. Hirsch et al. [8 9] have 
defined a parameter msi(g.b^u) to help clarify this problem. Using intensity 
profiles calculated on the dynamical theory they suggest that if g.b=0 and 
m^0.08 the dislocation image will be effectively invisible. For partial 
dislocations g.b will not always have integer values. As for perfect 
dislocations the g.b term will be the main parameter determining the
visibility but g.b^u still remains important. If g.b^u=0 then the
1 2 dislocation should be invisible if g.b=0 or g.b^- and visible for g.b^-. Two
conditions where the dislocation is invisible are needed for the Burgers
vector to be found with certainty. This method, however, does not determine
the sign of the Burgers vector. The ambiguity in the results is because of
the nature of the g.b method: it is unable to distinguish, for example,
b=|[121] from b=|[121]. In order to find the sign of the Burgers vector the
effects of the dislocation line being inclined to the foil must be
considered, as explained later.
The partial-dislocations associated with stacking faults in fee crystals
will have a Burgers vector of the type ^<112> or |<111>. Since the
microtwins are formed by plastic deformation it is reasonable to assume that
the bounding partial dislocations are of the glissile Shockley type which
enables three possible Burgers vector to be identified which are on this
fault plane. As an example consider the set of partial dislocations shown in
figure 6.1, position MT- as in figure 5.1c, which are from a n-doped 24%A1
GaAlAs specimen. The results from chapter 5 have shown that the fault plane
for a microtwin in position MT- was (111) in n-doped GaAlAs. The three
possible Burgers vectors are therefore 7 [2ll], 7 [121] and 7 [112]. The6 6 6
dislocations are visible in figures 6.1a&b, where g=220 and 220 
respectively. In figure 6.1c&d the same respective diffraction conditions as
129
in a&b are shown but the zone axis (z) is different. In 6.1a&b z=[00l]
whereas in c&d z=[114]. The 20° tilt required to bring the [114] zone axis 
into view provides a method for confirming the slip plane. The projected 
width of the slip plane should increase when the [114] zone axis is brought 
into view since the (111) planes will be tilted towards the horizontal. The 
ratios of the projected widths should be about 0.7 (see appendix I). The 
width of the partials in a&b at the position marked A is about SOOnm while 
in c&d the width at this same position has increased to about 750nm. So that 
the projected width ratio of the partials at position A for z==[001] and 
[114] is approximately 0.67 which is in good agreement with the expected 
result. This method can be applied to the results from the various alloys 
since the <114> zone axis that will be used for the g.b analysis always 
results in the slip plane being tilted towards the horizontal. This means 
that the projected width of the slip planes will increase when imaged from 
the particular <114> zone axis used for the analysis when compared with 
their projected width when z=[001].
The images of the dislocation line show a zig-zag pattern of light and dark 
spots which is due to the inclination of the dislocation line. Looking along 
the dislocation line running from the bottom to the top of the page reveals 
that in figure 6.1a the first and last dark spot is to the right of the 
dislocation line for all the dislocations while in figure 6.1b these first 
and last dark spots are to the left. This is in agreement with Marukawa's 
[92] results since the position of these first and last dark spots depends 
on g.b therefore as g is changed to -g the position of the dark spots should 
move to the other side of the dislocation line. All the dislocation lines 
are approximately parallel although there is some jaggedness especially for 
the two partial dislocations at the very left of the micrographs. The second 
and fourth partials from the right show unusual contrast especially in 
6.1c&d. They appear as a dark central line with a light surrounding 
contrast. This may be due to two partials being close together. In this part
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of the interpretation the absolute value, in relation to the indices in 
figure 4.4, of the line direction is not necessary but for determining the 
position of the dislocation half-plane it is required. The dislocation line 
direction is also needed in order to find the value of g.b^u where u is the 
dislocation line direction.
The line direction can be determined by simple inspection of the micrographs 
taken from the [001] zone axis. The high Peierls stress means that they are 
expected to lie along a <110> direction. The (111) plane contains the 
±[110], the ±[101] and the ±[011] directions. Figure 6.2a shows the 
projection of these directions on to the (001) plane. In practice the line 
directions do not follow the <110> directions exactly, in figure 6.1a&b for 
example, the projected line direction is not exactly along the ±[010] 
direction although this is the direction that the dislocations most closely 
follow. Of the three expected line directions the ±[011] is the best fit. 
When examining the fine detail of the dislocation line the positive sense of 
the line direction was taken as [Oil]. Since u is the average line direction 
the value for g.b^u will vary along the line especially where the 
dislocation is very ' jagged' . For a dislocation line which is inclined to 
the surface of the specimen Marukawa [92] has shown that by looking along 
the positive dislocation line direction on a positive print of a 
bright-field image as viewed on the fluorescent screen of the microscope the 
sign of the dislocation can be determined. If the first dark contour is to 
the left then g.b>0. If the first dark contour is to the right then g.b<0. 
Marukawa has shown that this first dark contour is independent of the 
thickness of the specimen and the deviation parameter. In this method the 
Burgers vector of a right hand screw dislocation is defined as having u and 
b parallel while a left hand screw will have u and b anti-parallel. The 
situation for a positive and negative edge dislocation is shown in figure 
6.2b, where the positive line direction is into the paper. This is the rule 
that will be used in the remainder of this work to define the Burgers
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vector.
In figures 6.1e&f, g=220 and 220 respectively, the overlapping stacking
faults associated with the partials are visible. The partial dislocations 
are only visible as a faint dark line between two visible stacking faults 
and are otherwise invisible. This effect has been reported before by Mahajan 
and Chin [93] . Tunstall and Goodhew [94] have demonstrated that the 
intensity profiles for |g.b|=l/3 and 2/3 are modified when the electron beam 
sees faulted region on both sides of the partial. A partial separating 
intrinsically-extrinsically faulted regions appears as a white line if 
|g.b|=2/3 and a dark line if |g.b|=l/3. For the partials associated with the 
microtwin in figure 6,1 the magnitude of g.b for g=±220 is therefore 1/3.
In order to find a two-beam condition where both the overlapping stacking 
faults and the partials were invisible it was necessary to tilt the crystal 
to a different zone axis, in this case the [114]. Figures 6.1g,h,i&j show 
the micrographs obtained from the [114] zone axis. In figures 6.1g&h, g=13l 
and 131 respectively, the partials are visible, with the first dark contrast 
on different sides of the dislocation line as expected for g and -g. Some of 
the dislocations show stronger or weaker contrast than the rest of the 
group. This seems to be due to the variation in separation of the partials; 
these details will be considered in more detail in section 6.3.9.
In figures 6.1i&j, g=311 and 311 respectively, all the dislocations are
weakly visible as a series of dark spots. These are separated from each 
other and they do not form a zig-zag pattern. The table in figure 6.3 
compares the experimental results from the different bright-field two-beam 
diffraction conditions with the theoretical values for g.b and g.b/u, where 
u has been taken as [OÎÏ] . The experimental value for g.b has a definite 
sign which was determined by examining the dislocation line in the direction 
of the arrow shown in the table and using Marukawa's results. In this table 
a visible dislocation has |g.b|=l. Examination of the table in figure 6.3 
shows that the theoretical values of g.b for b=|[121], u=[OÏÏ] offer the
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best fit with the experimental results. The slight visibility seen for 
g=±311 is due to g.b^u=0.5 and g.b=0. Marukawa's results showed that for 
g.b=0 and g.b^u=l a series of dark spots like those seen in figures 6.1i&j 
should be visible these increase in intensity when g.b^u=2. A simulation for 
g.b^u=0.5 was not made but it seems likely that the result would show 
similar spotty contrast but with a weaker intensity. The results of Hirsch 
et al. [89] concluded that the dislocation should be effectively invisible 
when g.b^u^O.64 if g.b=0 although these conditions have not been determined 
for the case with adjacent stacking faults. In this example g.b/u=0.5 when 
g.b=0 so the dislocations should be effectively invisible although the value 
of g.b/u is close to the maximum allowed so it is not surprising that in the 
micrograph the dislocations are faintly visible. When the partials are 
visible both the magnitude of g.b and the actual sign for a particular g 
agree with the theoretical values for b=7 [121].
With the knowledge that the Burgers vector of these dislocations is |[121] 
for the [Oil] line direction it is possible to determine the type of screw 
and edge dislocation forming these mixed 150° dislocations. The screw will 
be left-hand since the 150° angle between the line direction and Burgers 
vector means they are anti-parallel. The type of edge dislocation is found 
by determining the direction that the edge part of the Burgers vector points 
when looking along the positive line direction as explained earlier in this 
section. In this case examination of figure 6.4a, which shows the angular 
relationships of the <110> and <112> directions on the (111) slip plane of 
these dislocations, shows that the edge part of the Burgers vector |[121] 
points to the right of the line direction [Oil] so that this corresponds to 
a negative edge dislocation. The extra half-plane of this dislocation is 
therefore below the (111) slip plane and is on the same side of the slip 
plane as the indentation. This is illustrated schematically in figure 6.5. 
The (111) plane has As atoms uppermost (see section 4.2) and for a 
dislocation in the glide position its core atoms will therefore be As, this
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means these dislocations are 150 As or Ga if the dislocation is in(g) (s)
the shuffle position. In the following results only the atom type at the 
glide position will be stated.
In the above example g and -g have been presented. In the following results 
only four of the diffraction conditions will be given, one from each of the 
four pairs since these contain all the relevant information. In the next 
section a similar method to that described in this section will be used to 
determine the partial dislocations associated with microtwins in SI GaAs and 
the various alloys of GaAlAs. The format of the table in figure 6.3 will be 
used: the arrow next to the value of u represents the projected line
direction used to determine the sign of g.b from the two-beam bright-field 
micrographs of the partials.
6.3. BURGERS VECTORS OF PARTIALS ASSOCIATED WITH MICROTWINS IN SI GaAs AND 
GaAlAs.
6.3.1 INTRODUCTION.
The results from the analysis of the partial dislocations associated with 
microtwins will be presented in this section. The results from the SI GaAs 
will be given first followed by the n-doped and finally p-doped GaAlAs 
alloys. The nomenclature introduced in section 5.2.3.1, figure 5.1c, will be 
used to identify the position of the microtwins relative to the indentation. 
The results from chapter 5 show that the slip plane depends on the position 
of the microtwins relative to the indentation and the doping. In figure 5.10 
a list of the slip planes for the different rosette arms is given for the 
various compositions of GaAlAs and SI GaAs. Most of the twinning partials 
examined are from microtwins first seen in chapter 5. A small number are new 
and only the bright-field image of the overlapping stacking faults will be 
shown. It was proved that all the faults were intrinsic in nature by use of
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the dark-field method.
6.3.2 BURGERS VECTORS OF PARTIALS ASSOCIATED WITH MICROTWINS IN SI GaAs.
The Burgers vectors of three groups of partial dislocations in SI GaAs each 
associated with a microtwin in a different rosette position have been 
determined. Figures 6.6, 6.7 and 6.8 show the table of results together with 
the relevant micrographs for the three microtwins which are in positions 
MT^, MT- and MT^ respectively. Examination of the micrographs in figures 
6.6-6.8 shows the same features as described in section 6.2; when the 
partials are visible the individual contrast intensity sometimes varies; 
when the overlapping stacking faults are visible the partials appear as a 
dark line between faults 3n+l and 3n+2 but are otherwise invisible. 
Comparison of the theoretical and experimental values of g.b for the 
partials in positions MT^ are summarised in figure 6. 6d and show that 
b=^[121] when u=[011]. The results for the partials at MT-, figure 6.7, are 
b=^[121], u=[011]. The sets of partials at MT^ and MT- are therefore 150° 
mixed dislocations with a left-hand screw component. Examination of figure 
6.4b, which shows the angular relationships between the <110> and <112> 
directions for the (111) slip planes of the partials at MT^, reveals that 
the I [121] Burgers vector points to the right of the [Oil] line direction 
and these partials therefore have negative edge dislocation components. The 
edge-component is therefore below the slip plane and on the same side of the 
slip plane as the indentation. Since the half-planes of these dislocations 
finish on (111) slip planes which have As atoms uppermost (see section 4.2) 
these are A s d i s l o c a t i o n s .  The partials at position MT- are on the (111) 
planes and examination of figure 6.4a shows that the edge component of these 
dislocations is also negative and they are therefore As (g)
The results for the microtwin in position MT^ shown in figure 6.8 reveal the 
same patterns of visibility and invisibility as seen for partials at MT^ and
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MT-. Unlike the other two microtwins examined in this composition only three
partials at the end of the microtwin are clearly imaged. There are, in
addition, a large number of perfect dislocations near this microtwin which
are parallel to the [110] direction. Comparison of the experimental and
theoretical values of g.b show that the Burgers vector for the partials is
7 [211] for the [101] line direction which means that these are 30° mixed b
dislocations with a right hand screw portion. The directions on the (111) 
plane (figure 6. 4d) show that the edge component is positive. The extra 
half-plane is therefore on the same side of the slip plane as the 
indentation and ends on the (111) plane which has As atoms uppermost so that 
these dislocations are As^  ^ as is the case of the partials analysed in the 
±[110] rosette arm.
6.3.3 BURGERS VECTORS OF PARTIALS ASSOCIATED WITH MICROTWINS IN 10%A1 
n-DOPED GaAlAs.
Two sets of partial dislocations associated with microtwins, in positions
MT^ and MTg, as in figure 5.1c, have been analysed in order to determine
their Burgers vectors. The comparison of experimental and theoretical values
of g.b for each set of partials at MT^ and MT- is shown in figures 6.9 and
6.10 respectively. Examination of figure 6:9 shows that the partials in
position MT^ have b=|[121] for u=[011] and are on the (111) slip plane.
Examination of figure 6.4b shows that these partials are 150° As mixed(g)
dislocations and have a left-hand screw and negative edge component. The 
partial dislocations in position MT- shown in figure 6.10 have b=^[121] for 
u=[Oll]. These are therefore 150° mixed dislocations with a left-hand screw 
component. The orientations of b and u on the (111) slip plane are shown in 
figure 6.4d, where the Burgers vector points to the left of the positive 
line direction: these partials therefore have a positive edge dislocation 
component and are As^  ^ type dislocations.
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6.3.4 BURGERS VECTORS OF PARTIALS ASSOCIATED WITH MICROTWINS IN 20%A1 
n-DOPED GaAlAs.
The results from chapter 4 revealed that microtwins have only been seen in
the ±[110] rosette arms of 20%A1 n-doped GaAlAs specimens. Bright-field
images of the partials associated with microtwins, in position MT^ and MT-
as in figure 5.1c, are shown in figures 6.11 and 6.12. The theoretical
values and experimental results of g.b are shown in figure 6.11 for the
partials at MT^ and in figure 6.12 for those at MT-. In figure 6.11 there is
a perfect dislocation parallel to the microtwin which travels right across
the micrograph. Each of these groups of partials show similar contrast
effects to those discussed in detail in section 6.2. Examination of figures
6.11 and 6.12 respectively reveals that for the dislocations at the position
MT b=§ [121] for u=[011] and for those at the position MT% b=7[121] for J- o 2 6
u=[OÎÎ] . The partials at the positions MT^ and MT- are on the (1ÏÏ) and
(111) planes respectively. Examination of figures 6.4a&b shows that both
-these groups of partials are 150° mixed As dislocations with negative(g)
edge and left hand screw components.
6.3.5 BURGERS VECTORS OF PARTIALS ASSOCIATED WITH MICROTWINS IN 24%A1 
n-DOPED GaAlAs.
The examination of 24%A1 specimens, described in chapter 4, revealed 
microtwins in the ±[110] rosette arms only. The Burgers vectors of partial 
dislocations associated with three microtwins, in positions MT^, MT^ and MT- 
as in figure 5.1c, in this rosette arm have been determined. The 
experimental and theoretical values of g.b for each of the microtwins are in 
figures 6.13, 6.14 and 6.1/6.3 for MT^, MT^ and MT- respectively. The groups 
of partials at MT^ show the same patterns of visibility and invisibility as 
the partials at MT- which were considered in detail in section 6.2 i.e.
137
I
when the partial dislocations are visible there is some contrast intensity
variation and when overlapping stacking faults are visible the partials
appear as a dark line between faults 3n+l and 3n+2 but are otherwise
invisible. All of the group of dislocations at MT^ except one also fit these
patterns. The exceptional dislocation has strong contrast when g=131 and
weaker contrast when g=311, this is the opposite of the other dislocations
in this group. Since the projected width of the slip plane of this
dislocation increases as the (111) plane is tilted towards the horizontal it
is in this slip plane. The Burgers vector for this dislocation is probably
I [112] for u=[101] since g.b=-l and 1 for g=131 and 3ÏÏ respectively. A
dislocation with this Burgers vector should be invisible in figure 6.4a
since g=220. This is not possible to confirm because of a bend contour
running across the area of the microtwin in question thus making analysis
difficult. The rest of the partials in this group have b=|[211] for u=[10Î],
The results from the comparison in figure 6.13d reveal that the partials at
position MT have b=7[121] for u=[011] while for the dislocations at 1 b
position MT-, figure 6.3, b=^[121] for u=[011]. The slip planes of the
partial dislocations at position MT^ are the (111). Examination of figure
6.4b shows that these dislocations are 150° As mixed partials with(g)
left-hand screw and negative edge components. The dislocations at position
MT^ are 30° mixed partials which means that the screw component is
right-hand. Examination of the directions on the (111) slip plane of these
partials (figure 6.4a) shows that partial dislocations with u=[101] have
negative edge components when the Burgers vectors are |[211] and positive
edge components when b=|[112]. The half-plane for a negative edge ends
therefore on the (111) which has As atoms uppermost so these dislocations
are As type while the positive edge will have the opposite type of core
atoms. The exceptional dislocation, b=7[112], could be one half of a6
dissociated slip dislocation with b=^[101] which is trapped in the twin. The 
results for the dislocations at MT- were given in section 6.2 where it was
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determined that these are 150 As mixed partials with left-hand screw and(g)
negative edge components.
6.3.6 BURGERS VECTORS OP PARTIALS ASSOCIATED WITH MICROTWINS IN 30%A1 
n-DOPED GaAlAs.
The results in this section have been split into two parts. The first part 
contains the results from unannealed specimens while the second considers 
those from specimens that were annealed after indentation but before 
chemical thinning.
6.3.6.1 AS INDENTED SPECIMENS.
The dislocations associated with two microtwins were examined, which were in
positions MT^ and MT- as in figure 5.1c. Figures 6.15 and 6.16 compare the
experimental results with the theoretical values of g.b for the dislocations
at positions MT^ and MT- respectively. The results for the dislocations
associated with MT. and MTr show that b=|[2lï] for u=tl01] and b=|[121] for
u=[011] respectively. The partials at position MT^ have a right-hand screw
component while those at position MT- have a left-hand one. Examination of
the directions on the (111) slip plane of these dislocations (figure 6.4a)
shows that both sets of partials have negative edge components. They are
therefore As type dislocations.(g)
6.3.6.2 SPECIMENS ANNEALED PRIOR TO THINNING.
A microtwin in position MT^ has been examined in an annealed specimen and is 
shown in figure 6.17. The appearance of the partials in this microtwin are 
different to those seen in unannealed specimens. These partials have the 
appearance of half-loops but like all other microtwins in position MT^ their
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slip planes are the (111) . This group of partials has, in addition, two
dislocations that are different from the rest of the group associated with
them. The rest show the same types of visibility patterns as those at MT^
and MT- in this composition. The exceptional dislocations are both visible
in figure 6.17c one in the form of a flattened circle and the other is a
convoluted shape where the dislocation line ends almost meet. The other
partials in this group are very faint in figure 6.17c. Examination of
figures 6.17a&b shows no consistent pattern of visibility and invisibility
for these exceptional dislocations that can be fitted to a single Burgers
vector in the (111) plane. To interpret these results fully would require
further experimentation. One point that is evident, however, concerns the
convoluted dislocation. Part of this dislocation is not on the (111) plane
since its width decreases as this slip plane is tilted towards the
horizontal as seen in figures 6.17a&c. The Burgers vector of this
dislocation is probably ±|[110] since it is invisible for g=220 and visible
for g=220, 131 and 311. The slip plane of the other exceptional dislocation
is unclear from these micrographs. For the dislocations associated with the
microtwin at MT^ other than those showing strong contrast in figure 6.17c
b=|[121] for u==[011] and their slip plane is the (111). Examination of
figure 6.4b shows that these partials are therefore mixed dislocations with
left-hand screw and negative edge components and are therefore As type.(g)
6.3.7 BURGERS VECTORS OF PARTIALS ASSOCIATED WITH MICROTWINS IN 16.5%A1 
p-DOPED GaAlAs.
Three groups of partial dislocations from 16.5%A1 p-doped GaAlAs which are 
associated with microtwins have been analysed in order to determine their 
Burgers vectors. They are in positions MT^, MT- and MT-, as shown in figure 
5.1c, and figures 6.18-20 respectively show the experimental and theoretical 
values of g.b for each group. Examination of the table in figure 6.18e shows
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that the values for g.b when b=|[121] and u=[OÏÏ] are the correct magnitude
but the sign is the negative of the experimental results. This means that in
order to obtain the correct sign for g.b the value of b must be changed to
-b which means the Burgers vectors of these dislocations are -[121] for
u=[Oll]. This means that these are 30° mixed dislocations and therefore have
a right-hand screw component. The slip plane of these partials is (111).
Examination of figure 6.4a shows that these dislocations have a positive
edge component. The half-plane therefore ends on the (111) planes which have
Ga atoms uppermost (see section 4.2) so these are Ga type dislocations,
<g)
The results for the dislocations at position MTj are in figure 6.19. 
Comparison of the experimental and theoretical values of g.b show that when 
b=^[211] and u=[101] the magnitudes of g.b agree but the sign is incorrect. 
As for the dislocations at MT^ in this composition the sign of b must be 
reversed in order to get full agreement. The Burgers vectors are therefore 
7 [211] for u=[101] and these are 150° mixed dislocations with a left-handD
screw component. The directions on the (Ï1Ï) slip plane (figure 6.4a) show
that the Burgers vectors of these dislocations have a positive edge
component like those at MT . These partials are therefore Ga type1 (g)
dislocations.
The results for the partial dislocations at MT- are shown in figure 6.20. A
number of perfect dislocations are visible close to this microtwin.
Comparison of the experimental and theoretical values of g.b shows that
b=7 [121] for u=[011]. These are therefore 30° mixed dislocations with a 0
right-hand screw portion. Examination of these directions on the (111) slip
plane (figure 6.4c) shows that these dislocations have a negative edge
component. The extra half-plane therefore ends on the (111) slip plane which
has Ga atoms uppermost so these dislocations are Ga type.(g)
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6.3.8 BURGERS VECTORS OF PARTIALS ASSOCIATED WITH MICROTWINS IN 30%A1 
p-DOPED GaAlAs.
The Burgers vectors of the partial dislocations associated with three
microtwins from 30%A1 p-doped GaAlAs specimens have been determined. The
dislocations are in positions MT-, MT^ and MT^, as shown in figure 5.1c, the
experimental and theoretical values of g.b for these dislocations are shown
in figures 6.21, 6.22 and 6.23 respectively. The line direction of the
partials at position MT^ have a more curved appearance than the other
partials in this composition. The results for the group of dislocations at
MT-, figure 6.21, reveal that b=|[2ll] for u=[101]. The value used for the
theoretical calculations in the table gave the incorrect sign for g.b so the
sign of the Burgers vector has been changed to obtain full agreement between
the results. The slip plane of these dislocations is (111) and examination
of figure 6.4a shows that these are 150° Ga mixed partials with left-hand(g)
screw and positive edge components. The results for the dislocations at MT^,
figure 6.22, are b=7[211] for u=[101] so these are 150° mixed dislocations
with a left-hand screw component. Examination of figure 6. 4c which shows
these directions on the (111) slip plane, reveals that these dislocations
therefore have a negative edge component. These are therefore Ga type(g)
dislocations. The results in figure 6.23 show that the dislocations at MT^ 
have b=^[121] for u=[011] so these are 30° mixed dislocations, with a 
right-hand screw. Examination of these directions on the (111) slip plane 
(figure 6.4d) shows that these dislocations have a negative edge component 
and are therefore Ga^  ^ type dislocations.
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6.3.9 CONTRAST FEATURES OF DISLOCATIONS ASSOCIATED WITH MICROTWINS.
All the partial dislocations associated with microtwins, with the exception 
of one individual dislocation in a 24%A1 n-doped GaAlAs specimen and two in 
an annealed 30%A1 n-doped GaAlAs specimen, have the same pattern of results 
regardless of the composition. When the overlapping stacking faults are 
visible the partials appear as a dark line between the 3n+l and 3n+2 faults 
but are otherwise invisible. For the situation where the overlapping 
stacking faults are invisible and the partials are visible the edge contrast 
is the same for them all. In many of the groups of partials imaged, however, 
it is common to see individual dislocations in the groups forming microtwins 
which have contrast that is different in intensity from the rest of the 
group. This is most often seen at the beginning of a microtwin such as in 
figures 6.11, 6.13 and 6.15. In figure 6.15 the first dislocation is
noticeably weaker in contrast than the rest of the dislocations in the 
microtwin. In this particular example there is a second dislocation of 
weaker contrast in the same microtwin. This is a similar situation to the 
initial dislocation since it has a much larger separation from the 
dislocation in front than is the average for this group and so it is 
behaving as if it was the first dislocation in the microtwin. In figure 6.11 
the front two partials are very close together and it is difficult to 
determine their separation. In figure 6.24 a weak-beam image of this group 
of partials is shown and this proves that there are two separate partials at 
the very beginning of this microtwin. All the partials associated with a 
particular microtwin have the same Burgers vector. The intensity of the 
contrast of particular dislocations may vary, depending on their separation, 
but for the conditions where the dislocations should be invisible no 
dislocations which are part of the microtwin show bright contrast.
143
6.4 SUMMARY OF THE BURGERS VECTOR ANALYSIS OF PARTIAL DISLOCATIONS 
ASSOCIATED WITH MICROTWINS.
In SI GaAs and n-doped GaAlAs microtwins in the same position relative to
the indentation had twinning partial dislocations with the same Burgers
vectors. A similar pattern was seen in p-doped GaAlAs. All the results from
the various alloys examined had a common element to them: the extra
half-plane of the partial dislocations is always on the same side of the
slip plane as the indentation. This results in the core atom of the
dislocations depending on the doping. For the n-doped A1 alloys and SI GaAs
all the partial dislocations examined were As while when p-doped the core(g)
type was reversed. Another feature which is common to partials on the same 
slip plane but on opposite sides of the indentation, for example the
dislocations at positions MT^ and MT- in 24%A1 n-doped GaAlAs, is the
opposite sense of the screw dislocation. In the example given the
dislocations at MT^ have a right-hand screw while those at MT- have a
left-and screw. Partials on the same rosette arm but on different slip
planes like those at MT^ and MT^ in 30%A1 p-doped GaAlAs have screw
dislocations of opposite sense as well, in this case left-hand and
right-hand respectively. Partials on opposite sides of the indentation and 
on different slip planes such as MT^ and MT- in SI GaAs have screw
dislocations of the same sense, in the example they are left-hand. Although 
the similarities above are general in the sense that the differences or
similarities of the type of screw dislocations relative to the indentation 
are the same in n- and p-doped alloys the absolute nature of the screw
dislocation for a partial in the same position relative to the indentation
is reversed as the doping is changed from n- to p~type. The position of the
half-plane is also switched since the inclination of the slip plane is
changed from converging to diverging or vice versa. As well as these
similarities there are also differences between the various alloys.
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particularly in the occurrence of microtwins. In the n-doped GaAlAs alloys 
with compositions greater than 10%A1 no microtwins were seen in the ±[110] 
rosette arm. This is in direct contrast to the 16.5 and 30%A1 p-doped GaAlAs 
alloys where microtwins were found in both rosette arms. In the next chapter 
these similarities and differences will be discussed with reference to the 
shear stresses around the indentation and the different velocities of the 
partial dislocations. Finally the results from this investigation will be 
compared with those of other workers and with suggested twin generation 
mechanisms which together with the velocity results will enable an 
explanation to be offered for the differences in plastic deformation 
mechanisms of the various alloys and doping.
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Figure 6.1. Bright-field images of a MT- microtwin in 24%A1 n-doped GaAlAs. 
The stacking fault fringes are visible in 6.6e&f but invisible in the other 
micrographs shown. (a&b) All the partials are visible, g=220 and 220 
respectively, although the dark contrast at the end of the dislocation lines 
is on opposite sides: in each micrograph the position of the dark contrast 
is the same for all the partial dislocations, (c&d) The same respective g 
vectors as a&b but the zone axis (z) is [114] instead of [001] . This has 
increased the projected width of the partials. (g&h) All the partials are 
visible for g-131 and 131 respectively but the dark contrast at the end of 
the dislocation line is reversed. (i&j) All the partials are faintly 
visible, (see section 6.2 for a more detailed description of these results)
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(a)
foiiiPROJECTS PARALLEL TO 1010]
(010]
[1001
(111)
IÎ011
 ^(1101
PROJECTS PARALLEL 
TO [TOO]
1.Positive edge
2.negative edge
(b)
Figure 6.2. (a) A diagram showing the projections of three <110> directions
onto the (001) plane, (b) The orientation of the Burgers vector and the line 
direction for positive (1) and negative (2) edge dislocations.
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experimental results Theoretical results: (111) slip plane
figure a6 C21Î]
a
6 [121]
a
6 [Ï12]
6.1 g g.b g-b g.b^u g.b g ^ ^ g.b 9 ^ ^
a 220 -1 -1 0 -1 -0^ 0 0
b 220 1 1 0 1 0 0 0
220 4 1 4 1 2 2 23 3 3 3 3 3
220 1 4 1 2 2 2-3 3 3 3 3 3 3
9 Ï31 1 0 1 1 12 1
1
~2
h 13Ï -1 0 -1 -1 1~2 -1
1
2
i 3ÏÏ 0 1 -1 0 1~2 -1
1
2
j 311 0 -1 1 0 12 1 1~2
\  u=[OÏÏ] b^u=i(222) b^u=i<llï) b^u=i(lïl)
Figure 6.3. A table comparing the experimental and theoretical values of g.b 
for the partial dislocations in position MT- shown in figure 6.1. The sign 
of the g.b value is determined by the position of the first dark fringe when 
looking along the dislocation line in the direction of the arrow in the 
table; if to the left g.b>0 if to the right g.b<0. Theoretical values for 
g.b^u, where u is the line direction, are also given. A more detailed 
explanation of this method is given in section 6.2. The table shows that a 
value of b=-[121] for u=[011] gives full agreement between theoretical and 
experimental results.
149
(a)
(Ï1Î)
r
i m r /
I [1011
ïzdiol
(b)
(1ÏÏ)
iloiil
jn2ii
4 m o !
(c)
(1 ÏÏ)
(d)
(11Ï)
1[0111 Î  I2iil 1^[101)
V .^[1211
1 (Ï101
TlOiil. J112Î1 2^(101]
^5 [1121
V1 12111 
i n 01
Figure 6.4. The four schematic diagrams (a-d) show the angular relationships 
between the <110> and <112> directions for the (111), (111), (111) and (111)
respectively. The Roman-Greek type <112> directions are sho’sm.
partial
dislocation (111) Ga face
i n d e n t
Figure 6.5. A schematic diagram showing the position of the extra-half plane 
for a dislocation with b= ^  [121] for u=[OÏÏ] which is below the (111) slip 
plane.
150
(a)
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\ (b)
^13 1
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experimental results Theoretical results: (111: slip plane
figure 9 g.b
6 (2111 6 [12Î] 6 [1Î2]
g.b g.b^u g.b 9 g.b g.b^u
6. 6a 220 -1 -1 0 -1 0 0 0
5.3a 220 ±i 1 4 1 2 2 23 3 3 3 3 3 3
6.6b 131 -1 0 1 -1 12 1 12
6. 6c 31Ï 0 -1 -1 0 1 -1 12 2
\u-(OÎl] (222) b^u-î(lîî) b.u-j (111)
Figure 6.6. Bright-field images of partial dislocations in a microtwin, 
position MT^, in SI GaAs. Comparison with the table (d) shows that b=^[121] 
for u=[Oil] .
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experimental results Theoretical results: (111) slip plane
figure 9 g.b
1 tails |(121] |lil2)
g.b g.b^u g.b g.b^u g.b g.b^u
6.1a 220 -1 -1 0 -1 0 0 0
5.3c 220 4
1
3
4
~3
1
"3
2
~3
2
"3
2
3
6.7b Ï31 1 0 1 1 12 1
1
~2
6.7c 311 0 -1 1 0 12 1
1
~2
\u-(OÎÏ] b^u-j(222) b^u-^(ïlï) b^u-i(lïl)
Figure 6.7. Bright-field images of partial dislocations in a microtwin,
position MT-, in SI GaAs. Comparison with the table (d) shows that b=f[121] ^ 6
for u=[OÏÏ].
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experimental results Theoretical results: (1111 slip plane
figure g g.b
f [2Ï1] ( (Î211 € (112]
g.b g.b^u g.b g.b^u g.b g.b^u
5.3e 220 4 1 2 1 4 2 23 3 3 3 3 3 3
6.8a 220 1 1 0 -1 0 0 0
6.8b Ï3Ï 0 0 12 -1 -1 -1
1
~2
6. 8c 311 1 1 1 0 1 1 12 2
y  u-(101] b^u-|(ïïl) b^u-i(222) b^u-i(llï)
Figure 6.8. Bright-field images of partial dislocations in a microtwin,
position MT , in SI GaAs. Comparison with the table (d) shows that b=§[211]3 6
for u=[101].
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experimental results Theoretical results: (111) slip plane
figure g g.b
|[211] f t m i |(li2]
g.b g b.u g.b g.b^u g.b g-b^u
6. 9a 220 -1 -1 0 -1 0 0 0
5. 4a 220 4
1
"3
4
“3
1
3
2
~3
2
"3
2
~3
6.9b Î3Ï 1 0 -1 1 1~2 -1
1
~2
6.9c 3Ï1 0 1 1 0 12 1
1
2
\u-(OÏl] b.u-j(222) b^u-i{lïï) b^u-i(lïï)
Figure 6.9. Bright-field images of partial dislocations in a microtwin,
position MT^, in 10%A1 n-doped GaAlAs. Comparison with the table (d) shows
that b=|[12Ï] for u=[OÏl].
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experimental results Theoretical results: (111) slip plane
figure 9 g.b
|l2îl] 1 '^213 |lll2]
g.b 9-b.u g.b 9-b.u g.b g.b^u
5.4c 220 4
1
3
4
3
1
3
2
3
2
3
2
3
6.10a 220 -1 1 0 -1 0 0 0
6.10b 131 1 0 1 1 1~2 1
1
2
6.10c 3ÎÏ 0 -1 -1 0 12 -1
1
2
z=[114]
\u-[OÏÎl b^u--(222) b^u--(111) b^u--(111)
Figure 6.10. Bright-field images of partial dislocations in a microtwin,
position MT-, in 10%A1 n-doped GaAlAs. Comparison with the table (d) shows
that b=|[Î21] for u=[OÏÎ].
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experimental results Theoretical results: (111] slip plane
figure g g.b
6 1211] £ 112Ï] £ I1Ï2]
g.b g.b^u g.b g b.u g.b g-b^u
6.11a 220 -1 -1 0 -1 0 0 0
S.la 220 ±1 1 4 1 2 2 23 3 3 3 3 3 3
6.11b 131 -1 0 1 -1 12 1
1
2
6.11c 311 0 1 1 0 1 1 12 2
\u-(OÎl] b^«-i(222) b^u-i(lîï) b.a--(lîï)
Figure 6.11. Bright-field images of partial dislocations in a microtwin,
position MT^, in 20%A1 n-doped GaAlAs. Comparison with the table (d) shows
that b=-[12l] for u=[011]. b
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experimental results Theoretical results: (1111 slip plane
figure 9 g.b
6 I21Ï] |(121] 6 IÏ12]
g.b g.b^u g.b 9 b^u g.b g.b^u
6.12a 220 1 1 0 1 0 0 0
S. 5a 220 1 4 1 2 2 23 3 3 3 3 3 3
6.12b 13Î -1 0 -1 -1 1~2 -1
1
2
6.12c 3ÎÎ 0 1 -1 0 _1 -1 12 2
\u-[OÎÎ] b^u-i(222) b^u-j(ïlî) b.u-ï(lîl)
Figure 6.12. Bright-field images of partial dislocations in a microtwin,
position MT-, in 20%A1 n-doped GaAlAs. Comparison with the table (d) shows
that b=|[l21] for u=[OÏÏ].
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z- [001J
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experimental results Theoretical results: (111) slip plane
figure 9 g.b
6 (211) 6 (12Î) 6 (1Î2)
g.b 9 b.u g.b g.b^u g.b g.b^u
6.13a 220 1 1 0 1 0 0 0
220 ±i 1 4 1 2 2 23 3 3 3 3 3 3
6.13b 131 -1 0 1 -1 12 1
1
2
6.13c 31Ï 0 -1 -1 0 1 -1 12 2
\u-[DÏl] b^u-i(222) b.u-j(lîï) b.a-j(lïï)
Figure 6.13. Bright-field images of partial dislocations in a microtwin,
position MT^, in 24%A1 n-doped GaAlAs. Comparison with the table (d) shows
that b=-[121] for u=[011].
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z- [001]
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^131
z = [114] z=[114]
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experimental results Theoretical results: (111) slip plane
figure 9 g.b
|(21Ï] |.12l) |lll2)
g.b 9-b*“ g.b g.b^u g.b 9 b.u
6.14a 220 1 1 0 1 0 0 0
S. 6c 220 4
1
3
2
"3
1
~3
4
~3
2
~3
2
~3
6.14b Î31 0 0 12 1 1 1
1
2
6.14c 3ÏÏ 1 1 1~2 0 -1 -1
1
~2
y u-(ioï) b^u.i(îlï) b.u-j(222) b.u-g(ïlî)
Figure 6.14. Bright-field images of partial dislocations in a microtwin,
position MTg, in 24%A1 n-doped GaAlAs. Comparison with the table (d) shows
that b=-[211] for u=[101].
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experimental results Theoretical results: (111) slip plane
figure 9 g.b
|l2lil ( 1121] ( [Ï12]
g.b g.b^u g.b g.b^u g.b 9
6.15a 220 1 1 0 1 0 0 0
5.7a 220 ±\ 1 2 1 4 2 23 3 3 3 3 3 3
6.15b 13Ï 0 0 1~2 -1 -1 -1 1~2
6.15c 311 . -1 -1 1 0 1 1 12 2
y  U-I10Ï] b^u-i(ïlî) b^u-j<222) b^u-|(ïlï)
Figure 6.IS. Bright-field images of partial dislocations in a microtwin,
position MTg, in 30%A1 n-doped GaAlAs. Comparison with the table (d) shows
that b=-[211] for u=[101].
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experimental results Theoretical results: (111) slip plane
figure 6 [211] 6 [121] 6 (112)
6.16 9 g.b g.b 9 ^ ^ g.b 9-b^“ g.b g.b^u
- 220 -1 -1 0 -1 0 0 0
_ 1 1 4 1 2 2 2220 ±-3 3 3 3 3 3 3
J13Ï -1 0 -1 -1 ~2 -1 2
d 311 0 1 -1 0 -12 2
\u-(OÏÏ] b^u-i(222) b^u-î(ïlî) b.u-j(lîl)
Figure 6.16. Bright-field images of partial dislocations in a microtwin,
position MT-, in 30%A1 n-doped GaAlAs. Comparison with the table (e) shows
that b=-[121] for u=[011].
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experimental results Theoretical results: (lîï) slip plane
figure 9 g.b
aZ 1211] A6 (121] AZ I1Î2]
g.b g.b 9-b.,u g.b 9-b..u
6.17a 220 1 1 0 1 0 0 0
1 1 4 1 2 2 25.7c 220 *3 “5 ~3 3 ~3 ■3 3
1 16.17b 131 -1 0 1 -1 2 1 2
1 16.17c 311 0 -1 -1 0 ~2 -1 ” 2
Nu-(0Ï1] b^u--(222) b.u--(lîï) b^u-j(lïï)
Figure 6.17. Bright-field images of partial dislocations in a microtwin, 
position MT^f in annealed 30%A1 n-doped GaAlAs. Comparison with the table 
(d) shows that b=|[12Ï] for u=[OÏl].
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experimental results Theoretical results: (111) slip plane
figure 6 (2111 6 (121) 6 (112)
6.18 9 g.b g.b 9-b.u g.b g.b..u g.b 9-b..u
220 1 -1 0 -1 0 0 0
_ 1 1 1 2 2 2220 ±-3 3 3 3 3 3 3
1 JÏ31 -1 0 1 1 2 1 ~2
_ 1 1d 31Ï 0 1 -1 0 -12 2
\u-(OÎÎ] b.,u-j(222) b.,u-j(ïlî) b^u-j(lïl)
Figure 6.18, Bright-field images of partial dislocations in a microtwin,
position MT^, in 16.5%A1 p-doped GaAlAs. Comparison with the table (e) shows
that b=-[12l] for u=[011].
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experimental results Theoretical results: (111) slip plane
figure
€.19 9 g.b
|t2ll] |ll21] fui2)
g.b g b . e g.b 9 b_.u g.b 9 b..u
- 220 1 -1 0 -1 0 0 0
b 220 4
1
3
2
~3
1
3
4
~3
2
"3
2
"3
13Ï 0 0 1~2 -1 -1 -1 1"2
d 311 1 -1 12 0 1 1
1
2
y  u-[10Ï] b„u-l(ïlî) b.u-i(222) b.a.j(ïlï)
Figure 6.19. Bright-field images of partial dislocations in a microtwin,
position MT-, in 16.5%A1 p-doped GaAlAs. Comparison with the table (e) shows
that b=|[211] for u=[101].
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figure
6.20 9 g.b
|(211] |(121] |(112]
g.b 9 b/a g.b 9-b.,u g.b 9-b.,u
- 220 4
1
3
4
"3
1
3
2
3
2
"3
2
3
b 220 -1 1 0 -1 0 0 0
- Î31 1 0 -1 1
1
2 -1
1
2
d 31Ï 0 -1 1 0 1~2 1
1
~2
\  U. (Oil] b.,u.i(222) b^u--(ïïï) b.u-;(lll)
Z=[114]
Figure 6.20. Bright-field images of partial dislocations in a microtwin,
position MT-, in 16.5%A1 p-doped GaAlAs. Comparison with the table (e) shows
that b=|[121] for u=[OÏl].D
165
(a)
g — —^220
2-1001]
\(b)
2-[114] 2-[114]
I 500nm ’
(d)
experimental results Theoretical results: (111) slip plane
figure g g.b
( 121Ï] ( 1121] |(il2]
g.b g.b^u g.b g.b^u g.b g.b^u
6.21a 220 1 -1 0 -1 0 0 0
5.9a 220 ±i 1 2 1 4 2 23 3 3 3 3 3 3
6.21b 13Ï 0 0 1~2 -1 -1 -1 1~2
6.21c 311 1 -1 1 0 1 1 12 2
/* u-(10Ï] b^u-jâlï) b^u-- (222) b^u-j(ïlï)
Figure 6.21. Bright-field images of partial dislocations in a microtwin,
position MT-, in 30%A1 p-doped GaAlAs. Comparison with the table (d) shows
that b=|[211] for u=[10Ï].
166
(a)
^22 0
z=[001]
^131
z=[ÎÏ4]
(d)
SOOrnn'
experimental results Theoretical results: (111) slip plane
6 (211] 6 [121] 6 [112]
figure 9 g.b g.b g.b^u g.b g.b^u g.b g.b^u
1 1 2 1 4 2 25.9c 220 +-3 3 3 3 3 3 3
6.22a 220 -1 -1 0 1 0 0 0
6.22b 131 0 0 ~2 -1 1 1 ~2
6.22c 3Ï1 1 1 0 -1 -12 2
/  u-I10Î] b^u.i(ïïî) b^u-^(222) b^u-i(îïî)
Z=[114]
Figure 6.22. Bright-field images of partial dislocations in a microtwin,
position MT^, in 30%A1 p-doped GaAlAs. Comparison with the table (d) shows
that b=|[211] for u=[10Ï].
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figure
6.23 9 g.b
fl2il] §1121] |tll2]
g.b 9 g.b g.b^u g.b 9-b*»
* 220 4 13 43 13 2~3 23 23
b 220 1 1 0 -1 0 0 0
- 131 -1 0 1 1 1~2 1 12
d 3ÏÏ 0 -1 -1 0 12 -1 1~2
\u-(OÎÎ) b^u-;(222) b^u-;(ïïl) b^u-;(111)
z-[114]
Figure 6.23. Bright-field images of partial dislocations in a microtwin,
position MT^, in 30%A1 p-doped GaAlAs. Comparison with the table (e) shows
that b=|[12Ï] for u=[Olï]
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220
* SOOnm I
Figure 6.24. A g, 3g weak beam image of the partials associated with a 
microtwin shown in figure 6.11a in 20%A1 n-doped GaAlAs. This shows that 
there are five partial dislocations at the beginning of this microtwin.
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CHAPTER 7.
DISCUSSION OF RESULTS
7.1 INTRODUCTION.
The results from chapters 4,5&6 have shown that microtwinning occurs as a 
deformation mechanism around indentations in SI GaAs and both n- and p-doped 
GaAlAs. Compositions of between 10 and 30%A1 have been examined and except 
for 10%A1 GaAlAs the addition of A1 seems to have little effect on the 
results. In all cases the microtwins are formed from a series of intrinsic 
overlapping stacking faults. For the n-doped GaAlAs alloys microtwins are 
seen almost exclusively in the ±[1103 rosette arm. Perfect dislocations are 
also seen in this and the ±[110] rosette arm. These are commonly imaged as 
half-loops, with a Burgers vector parallel to the (001) face, that move 
easily under the influence of the electron beam. In both the 10%A1 n-doped 
GaAlAs and SI GaAs a microtwin was seen in the ±[110] rosette arm of one 
specimen. It should be noted that in the n-doped GaAlAs alloys and SI GaAs 
these were the only microtwins seen in this arm. In the 30%A1 n-doped GaAlAs 
extended stacking faults were imaged in the ±[110] rosette arm but they did 
not form a microtwin. The results for p-doped 16.5 and 30%A1 GaAlAs were 
significantly different from those of the n-doped GaAlAs and SI GaAs.
Microtwins were always imaged in both rosette arms. The change in doping has
altered the pattern of occurrence of the microtwins as well as the 
inclination of their fault plane and the nature of the dislocations
associated with the microtwins for equivalent positions relative to the 
indentation. In the n-doped GaAlAs alloys and SI GaAs the fault planes
converge under the indentation in the ±[110] rosette arm and diverge in the 
±[110] arm. In the p-doped GaAlAs alloys this pattern is reversed. In all 
cases the extra half-plane component of the partial dislocations is on the
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same side of the slip plane as the indentation. Combining this with the
results from etching {111} faces has revealed that the respective type of
partial dislocations associated with the microtwins in n-doped GaAlAs alloys
and SI GaAs and the p-doped GaAlAs alloys are As and Ga . It therefore(g) (g)
seems that while the A1 content has little effect on the occurrence of 
microtwins there is a large difference for material which has p-type doping 
compared with n-type.
In SI GaAs and the n-doped GaAlAs alloys asymmetrical cracking was often 
seen around the indentation when imaged in the TEM. Cracks parallel to the 
±[110] rosette arms starting from the edge of the indentation were much more 
common than similar cracking in the ±[110] rosette arms. In the p-doped 
GaAlAs alloys cracking was rarely seen in TEM specimens for either of the 
rosette arms.
In this chapter these results will be considered in more detail. This will 
include examination of the geometry of the partial dislocations associated 
with a microtwin relative to the indentation, a comparison with results, of 
indentation experiments made by other workers and consideration of possible 
mechanisms for the formation of a microtwin.
7.2 GEOMETRY OP TWINNING DISLOCATIONS AROUND THE INDENT.
In chapters 4,5&6 the occurrence of microtwins was examined in various
compositions of GaAlAs. This showed that all the microtwins were made up of
intrinsic overlapping stacking faults but the core atoms of the dislocations
associated with the microtwins were determined by doping; when n-doped they
were As while for the p-doped alloys they were Ga . In n-doped GaAs the ig) (g)
As dislocations are the fastest while in p-doped GaAs the relative 
velocities are reversed and the Ga^  ^ become the fastest [33]. The analysis 
in chapter 6 found the sign of the Burgers vector which produces a pair of b 
and u for each partial dislocation. The Burgers vectors of the partial
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dislocations analysed for each position around the indentation are listed in 
figure 7.1 along with the slip plane and line direction. The Roman-Greek 
type Burgers vector, as defined by the Thompson tetrahedron notation, has 
been used in all cases. A diagram of a Thompson tetrahedron is shown in 
figure 7.2. The planes outside the tetrahedron are shown. The Thompson 
tetrahedron enables the position of the partial relative to the positive 
line direction to be determined. In chapter 5 the overlapping stacking 
faults forming a microtwin were shown to be intrinsic. Using the Thompson 
tetrahedron this means that for slip planes outside the tetrahedron, in this 
case those in the ±[110] rosette arms, the Roman-Greek Burgers vector of the 
partial must be to the right of the positive line direction in order that an 
intrinsic stacking fault is formed i.e. this partial must form the boundary 
of the stacking fault which is to the right of the positive line direction. 
For planes viewed from the inside of the tetrahedron, in this case the slip 
planes in the ±[110] rosette arms, the position of the Roman-Greek type 
Burgers vector of the partial relative to the positive line direction must 
be reversed i.e. to the left of the positive line direction in order that an 
intrinsic stacking fault is formed. In order to simplify the comparison of 
these results they have been split into two groups. The first contains the 
results from SI GaAs and n-doped GaAlAs while the second group contains the
results for the p-doped GaAlAs alloys. In figure 7.3 the results for each
group are shown; the position of the microtwins with the Burgers vector and 
line direction, projected onto the (001) plane, of the associated partials, 
relative to the indentation, being shown schematically. The electron beam is 
parallel to the [001] direction as shown in figure 4.4.
The schematic diagram in figure 7.3a shows the results for SI GaAs and
n-doped GaAlAs. In the ±[110] rosette arms the Roman-Greek type Burgers
vectors shown are to the right of the positive line directions and the 
stacking faults. In the ±[110] rosette arms the positions of the Roman-Greek 
Burgers vectors are reversed and they are to the left of the positive line
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directions and stacking faults. All these partials are the boundaries of 
intrinsic faults which are furthest from the centre of the indentation so 
that the stacking faults run from these partials towards the centre of the 
indentations which agrees with the experimental results from chapter 5. The 
results for the p-doped GaAlAs alloys shown in figure 7.3b reveal a similar 
pattern to those in figure 7.3a, although for microtwins in an equivalent 
position relative to the indentation the inclination of the fault planes is 
the reverse of that for the n-doped GaAlAs and SI GaAs. For example the slip 
planes of microtwins at position MT^ are (111) for SI GaAs and n-doped 
GaAlAs and (111) for p-doped GaAlAs. The movement of all the partial 
dislocations is determined by the shear stress acting on the slip planes. 
Roberts et al. [58], [95] have determined the principal slip systems around
a Vickers pyramid indenter made on an (001) face. The sense of the shear 
stresses on these slip planes are shown in figure 7.4. The analysis of the 
elastic stresses has four fold symmetry around the axis of indentation 
whereas the distribution of microtwins has only a two-fold symmetry around 
this axis due the different inclination of the slip planes in the two 
rosette arms. The edge components, however, are always on the same side of 
the slip plane as the indentation according to the experimental results. The 
direction of glide for an edge dislocation is determined by the direction of 
shear stress relative to the extra half-plane. Edge dislocations will move
in the same direction as the shear stress on the side containing the extra
half-plane. The shear stresses on the slip planes around the indentation, 
figure 7.4, means that the dislocations with their extra half-plane on the 
same side as the indentation at positions (1) and (2) will glide into the
bulk, of the material while those at (3) and (4) will come out of the
surface. The screw portions of the mixed dislocations of a given sign 
should, like the edge part, glide away from the indentation and reduce the 
stress around the indentation. This can explain the two-fold symmetry around 
the indentation axis seen in all the results which is due to the inclination
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of the slip planes in each rosette arm. For example in SI GaAs and n-doped 
GaAs the dislocations in positions MT^ and MT^ are on converging slip planes 
on opposite sides of the indentation. This means that they have opposite
sign of shear stress so the screw dislocations must also be of opposite
sign. This agrees with the results. This pattern is repeated for the
twinning dislocations at MT^ and MT^. Similarly the twinning dislocations on 
the same slip plane but on opposite sides of the indentation, such as MT^ 
and MT-, should have opposite types of screw dislocation. Examination of 
figure 7.3a shows that dislocations in these positions do have screw parts 
of opposite sense. When dislocations are in the same rosette arm but
diametrically opposite such as MT^ and MT- the shear stresses are opposite 
but the glide directions away from the indentation are also opposite so the 
screw type should be the same as is the case in figure 7.3a. These patterns 
also appear in the results for p-doped GaAlAs shown in figure 7.3b. For 
equivalent positions relative to the indentation the nature of the screw 
dislocation is reversed for convergent and divergent slip planes.
The glide directions for screw dislocations are shown in figure 7.5.. The 
sense of the shear stress depends on the inclination of the slip plane and 
the position of the plane relative to the indentation. The results of 
Roberts et al. [58], [95] are shown in figure 7.3. Applying this analysis to
the twinning dislocations at MT^ in figure 7.3a reveals that since they are 
on a converging slip plane and to the left when looking towards the 
indentation, position 3 in figure 7.3, the shear stress will be clockwise. 
The left-hand screw of these dislocations will therefore glide away from the 
indentation as shown in figure 7.5. Since all the screw portions of the 
twinning dislocations on converging planes form a two-fold rotation symmetry 
around the axis of indentation they will all glide away from the 
indentation. The screw part of the twinning dislocations on diverging planes 
will also glide away from the indentation since for equivalent positions 
relative to the indentation both the type of screw dislocation and the shear
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stress are reversed with respect to the converging planes.
The detailed analysis of the dislocation Burgers vectors, including the 
determination of their signs, has shown that all of the GaAs and GaAlAs 
samples studied, both n-type and p-type is consistent with both edge and 
screw components moving away from the indentation under the stresses which 
are expected. The two-fold symmetry is maintained in all cases and intrinsic 
faults are produced by the dislocations. The nature of the faults and the 
formation of microtwins has been determined independently. In addition the 
core atom species has been established for each case.
7.3 COMPARISON OF RESULTS FROM OTHER WORKERS.
Hdche and Schreiber [55] indented GaAs single crystals at room temperature 
and found microtwinning occurring in one rosette arm after annealing the 
specimens. No data on the doping of their specimens was published. Lefebvre 
et al. [57] have indented SI GaAs and n-doped GaAs. Their published results 
have led them to suppose that microtwins are only seen in one of the rosette 
arms. They have concluded that the occurrence of microtwins is similar in SI 
and n-doped GaAs. They also observed cracks running parallel to the 
microtwins. All the overlapping stacking faults forming a microtwin were 
intrinsic and had the same 3 fold periodicity, of invisibility, as seen in 
this work. They determined the sign of the Burgers vectors and found them 
all to be 30° G a t y p e .  This was not found from direct experimentation. 
Yasutake, Shimizu and Kawabe [96] have examined microtwins in Si. They found 
the Burgers vectors of the twin partial dislocations to have a 30° 
orientation to the line direction, just as in GaAs and GaAlAs. A similar 
pattern of dislocation visibility was seen when the stacking fault fringes 
were invisible. Yasutake et al. determined the magnitude of the Burgers 
vectors using two-beam bright-field diffraction conditions from appropriate 
<114> type zone axes just as in this work. As seen in chapter 6 when g.b=0
the dislocation was still faintly visible. They also found a similar pattern 
of twinning spots in the appropriate <114> zone axis diffraction pattern. 
All these workers annealed their specimens at 350-450°C after indentation. 
This has the effect of allowing dislocations to adjust their line directions 
as well as reducing the internal stresses in the specimen. The microscopy is 
easier after annealing but it does not give results which are as comparable 
to the indented state as in this present work. The projected line directions 
to the {001} face in their TEM images run parallel to the <100> directions 
which suggests that the line directions are parallel to the <110> directions 
as predicted.
The most detailed previous study of indented SI and n-doped GaAs was done by 
Lefebvre et al. [57] and Lefebvre and Vanderschaeve [60]. Because of the 
 ^ detailed work of Lefebvre et al. it is convenient to make a direct 
comparison with the current work, especially since it is in disagreement in 
important respects. Their results from the analysis of the Burgers vectors 
of the partial dislocations associated with the twins are shown in figure 
7.6a. In this schematic diagram of the line directions and Burgers vectors, 
projected onto the (001) plane, their published results have been rotated 
clockwise through 90° in order that they can be compared directly with the 
results from Chapter 6. In all cases the Roman-Greek type Burgers vectors 
are shown. They examined both SI and n-doped GaAs and found no differences 
in the dislocation configurations or the occurrence of microtwinning. 
Comparison with figure 7.3a shows three microtwins in the same position 
relative to the indentation. The magnitudes of the Burgers vectors are in 
agreement although only the partials at positions MT^ and MT- have identical 
pairs of line directions and Burgers vectors. Lefebvre et al. also reported 
partial dislocations in the twin with different Burgers vectors from the 
majority as was the case for the microtwin at position MT^ in 24%A1 n-doped 
GaAlAs.
Lefebvre et al. did not, however, actually determine the sign of the Burgers
vector experimentally. They deduced a sign for the Burgers vector by using 
the line direction and taking the intrinsic Burgers vector on the assumption 
that these dislocations were the leading partials of the stacking fault. The 
position of the half-plane for the edge component is determined by u and b. 
The particular b that forms an intrinsic stacking fault is itself defined by 
the position of the extra half-plane. If |u| is known experimentally and if 
one of these is chosen arbitrarily then for a particular sign of b an 
intrinsic or extrinsic stacking fault can be formed. By selecting the pair 
of u and b that produce an intrinsic fault in moving away from the 
indentation the sign of the Burgers vector can be found. In this case the 
Roman-Greek type Burgers vectors have been taken and as in section 7.2, for 
an intrinsic fault to be formed these must be to right of the positive line 
direction, when viewed from outside the Thompson tetrahedron, which is the 
case for the slip planes of the microtwins in the ±[110] rosette arms. The 
stacking faults associated with these partials should run from the 
dislocations towards the centre of the indentation in order•to agree with 
the experimental results obtained by all workers. For the analysis of 
Lefebvre et al. this is only the case for the partials at position MT^ and 
MT-. The dislocations at the other two positions form intrinsic faults with 
the stacking fault running from the partial shown away from the centre of 
the indentation. This is clearly incorrect, the correct situation is shown 
in figure 7.3 based on the present results.
Closer examination of the results of Lefebvre et al. shows that the 
dislocations on the (111) planes have the Burgers vectors pointing to the 
left of the positive line direction so these have a positive edge component 
and are on the side opposite the indentation, which would mean that these 
dislocations would glide towards the indentation. On the (111) planes the 
Burgers vectors point to the right of the positive line direction and these 
have a negative edge component and the half-planes are on the same side as 
the indentation.
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The final comparison that can be made with the results of Lefebvre et al. is
the nature of the screw dislocations, this is shown in figure 7.6b, on the
(111) slip planes the results agree but on the (111) they are complimentary
this means that there is no two-fold symmetry in the results of Lefebvre et
al.. The reason for the differences in these two sets of results appears to
be due to mistakes in the application of the method used by Lefebvre et al.
to deduce the sign of b. In their paper they state that all of the
overlapping stacking faults are intrinsic but only two of the four pairs of
u and b given in their table of results can produce intrinsic stacking
faults with the same orientation as the experimental results. They also
state that all the partials are 30° Ga type dislocations, whereas only(g)
two of the four pairs of results given can be Ga since the position of(g)
the half-plane is different for each slip plane. Since the type of atom
uppermost on the slip plane has not been given in their paper it is not
possible to determine if the dislocations with their extra half-planes on
the same side of the indentation are the Ga type or not. The sign of the(g)
Burgers vectors only agree in two cases although |b| is in total agreement. 
It has, however, been shown that there are inconsistencies between the 
written text of Lefebvre et al. and their table of results. Lefebvre et al. 
did not report finding any microtwinning occurring in the perpendicular
rosette arm.
7.4 POSSIBLE MECHANISMS FOR THE FORMATION OF MICROTWINS.
Any possible mechanism for the formation of microtwins in these materials
must be able to explain the following points :
(i) The Burgers vectors of the partials associated with microtwins around an
indentation are only determined by the position of the twin relative to the 
indentation and the inclination of the slip plane. If microtwins were formed 
on converging and diverging slip planes in the same rosette arm there will
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be both Ga and As dislocations associated with the microtwins. The (g) (g)
results from the examination of the microtwins has, however, shown that only
one dislocation type is seen. In the n-doped GaAlAs alloys and the SI GaAs
they were As while the p-doped GaAlAs alloys formed microtwins with Ga(g) (g)
dislocations.
(ii) For each type of doping the dislocations associated with the microtwins 
are the faster of the two types of dislocation, as determined by etching 
experiments [33].
(iii) All of the microtwins appear to initiate from or close to the corners 
of the indentation and grow by the glide of twinning partials away from the 
indentation parallel to the <110> directions.
(iv) Normally there is only one microtwin in a particular rosette arm.
The similarities in the results point to all the microtwins being generated 
by the same mechanism. Since they do not originate from a dislocation free 
area but rather from a region of large dislocation concentration the 
homogeneous mechanism of Orowan [7 4] is unlikely to apply. It seems more 
likely that a microtwin originates from the slip dislocations around the 
indentation and the mechanisms put forward by Pirouz [72], [73] or Mahajan
and Chin [71] are expected to be more applicable.
7.4.1 THE PIROUZ MECHANISM FOR MICROTWIN FORMATION.
The occurrence of the fastest dislocation type at the end of the twin in all 
cases implies that the velocities of the dislocations are important in their 
formation and agrees in this respect with the model put forward by Pirouz 
[72], [73]. In this model the microtwin is nucleated from a screw
dislocation that has moved into a region of crystal near the indenter where 
the maximum resolved shear stress has changed between two slip systems. 
Under some circumstances the screw can then dissociate into two partials, 
one As the other Ga . If the mobility of the trailing partial is
n Q
sufficiently less than the leading partial a faulted loop can be formed as 
shown in figure 7.7. The screw dislocation AB, using the Thompson 
tetrahedron notation, dissociates into partials Aô and ôB after 
cross-slipping from the c plane onto the d plane, figure 7,7a. Under the 
action of a resolved shear stress the partials will separate, figure 7.7b&c. 
The trailing partial (Aô) lags so far behind the leading partial that the 
latter can form a faulted loop, figure 7.7d, while the trailing partial has 
not reached the unstable semicircular configuration. Although a second 
revolution of the leading partial is forbidden, because a high energy fault
would\ be formed, the original screw dislocation can be reformed by the
\
dissociation of ôB into ÔA and AB. This results in an attractive interaction 
between Aô and ôA and their annihilation, figure 7.7e. This leaves behind 
the perfect screw dislocation AB which can cross-slip to the adjacent slip 
plane and repeat the process.
This scenario immediately offers an explanation for the lack of twins with
the slower dislocation type as the leading partial since the dislocation
velocities of the two partials forming the screw dislocation will not be
sufficiently different for the faulted loop to be formed. For the n-doped
materials, where the As type dislocations are fastest, this means that
only screw dislocations that expand with As ^  ^ partials leading will form
faulted loops while for the p-doped materials the leading partials will have
to be Ga which for that doping are the fastest. In order that this
mechanism can operate Pirouz points out that the resolved shear stress must
be greater than ^ , which for GaAs is in the order of 250MPa, in order for bp
the leading partial to overcome the stacking fault energy (y) and separate 
from the trailing partial. Pirouz points out that indentation at low 
temperatures causes enormous stresses which should mean that the critical 
stress (- ) is exceeded.bp
For the n-doped material, the ±[110] rosette arm has slip planes that 
diverge from the edge of the indentation with As atoms on the same side as
j_aiL
the indentation, as shown in figure 7.8a. Roberts [58] has shown that these
diverging planes have the greatest resolved shear stress for perfect |<110>
type dislocations. Dislocations with edge components on the same side as the
indentation will therefore be the most effective at removing material from
the indentation site since these are the faster As dislocation type. For(g)
a faulted loop to be created around a segment of screw dislocation with the 
As type dislocation gliding away from the indentation it must be on the
slip planes which diverge from the indentation. A microtwin was seen in the
±[110] rosette arm in both the 10%A1 n-doped GaAlAs alloy and SI GaAs and 
this analysis established that they were on the diverging slip planes.
In the ±[110] rosette arms the situation is very different. The slip planes
diverging from the edge of the indentation now have Ga atoms on the same 
side of the plane as the indentation, as shown in figure 7.8b. The Ga (g)
type dislocations are slower than the As type in n-doped material which(g>
means that in this rosette arm the unrelieved stress will be greater since 
material will not be so efficiently removed.
In this arm it is therefore much more likely that any screw dislocations in 
the correct orientation will start to form twins, The results have shown 
that this is indeed the case. In this rosette arm a faulted loop with As (g)
type partial dislocations gliding away from the indent can only be achieved 
if the slip planes converge under the indentation which agrees with the 
experimental results.
The reported differences in velocity between As and Ga are very great,(g) (g)
as much as a factor of one hundred, so that the stress not relieved from the 
indented region may be great enough for this suggested twin generation 
method to work. Of the thirteen microtwins examined in n-doped GaAlAs and SI 
GaAs only two were in the ±[110] rosette arm. Using this model it is 
therefore concluded that occasionally there are high enough unrelieved 
stress conditions to enable twins to be formed in these arms but it is the 
exception rather than the norm. The higher flow stress for intrinsic GaAs
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which has been reported at room temperature in compression [43], as compared 
to n-doped GaAs, may mean that in this type of GaAs the occurrence of 
microtwins is more likely in both rosette arms because there is a 
sufficiently high stress build up.
In the p-doped alloys the relative velocities of the As dislocations and(?)
the Ga dislocations are reversed so that the greatest unrelieved stress (g)
should be in the ±[110] rosette arms. Since the Ga are the fastest type(g)
of dislocation these should be the leading dislocation in order that a 
faulted loop can be formed around a screw dislocation. In the ±[110] rosette 
arm the loops must, therefore, be on the slip planes that converge under the 
indentation. The twins seen experimentally are on slip planes converging 
under the indentation.
In the p-doped alloys the occurrence of microtwins is not restricted to one 
rosette arm. The results show that of the six microtwins examined three were 
in the ±[110] rosette arm and three were in the ±[110] arm. Around any one 
indentation microtwins were found in both rosette arms. The core atom type 
was the same for all the microtwins so as in the n-doped GaAlAs alloys and 
SI GaAs the inclination of the slip planes was different. In the ±[110] 
rosette arm they diverge from the indentation while in the ±[110] arms they 
converge under the indentation. It therefore seems that the microtwins fit 
the generation method suggested by Pirouz but in the case of the p-doped 
GaAlAs alloys the stress is normally high enough in both rosette arms for 
twins to be generated.
The higher unrelieved stress is probably caused by the dislocations in 
p-doped GaAlAs being slower than in the n-doped samples. The experiments 
involving etching give measurements of the velocities of the partial 
dislocations in pairs i.e. effectively perfect dislocations. Results from 
these types of velocity experiments at high temperatures on GaAs [33] show 
that the dislocations in p-doped crystals are faster than those in n-doped, 
Rabier et al. [43], however, have shown that at room temperature p-doped
1 »0-
GaAs crystals have a higher yield stress than n-doped ones with intrinsic
GaAs between these two extremes. Rabier et al. [43] have examined the
dissociation widths of screw dislocations with each type of dislocation
leading at room temperature. From this they concluded that the mobility
ratio of 30° Ga and 30° As partial dislocations and that of perfect (g) (g)
Ga and As dislocations have the same dependence on electronic doping, (g) (g)
At room temperature it is not therefore surprising that the stresses that
are not relieved by glide in the p-doped GaAlAs alloys are high enough to
generate microtwins in both rosette arms. The mobility difference between
30 Ga and 30° As partial dislocations means that all the microtwins (g) (g)
formed have the faster 30° Ga type partial dislocations as the leading(g)
partials in p-doped specimens.
7,4.2 THE MAHAJAN AND CHIN MICROTWIN FORMATION MECHANISM.
Mahajan and Chin [71] have suggested a method for forming microtwins which 
is fundamentally different to the Pirouz mechanism. They suggest that two 
co-planar glide dislocations of different Burgers vector can combine to form 
a three layer twin. A macroscopic twin can be formed when the embryonic 
twins grow into each other. This means that unlike the Pirouz mechanism the 
twin is formed by many dissociated dislocations interacting on many 
different slip planes.
Mahajan and Chin give an example of their mechanism for two slip 
dislocations, the -[101] and ^[110] which are on the (111) slip plane. These 
dislocations dissociate to form two pairs of Shockley partials:
|[101]   > |[211] + |[ÏÏ2]
and |[Ï10] — ---> §[211] + ^iÏ2Ï].z b o
Mahajan and Chin suggest that these four Shockley partials can be 
transformed into a three layer twin, with the leading partial having 
b=g[211]. Two of these partials have this Burgers vector and the sum of the
-3 o -3.
other two is equivalent to it as well:
|[ÏÏ2] + |[Ï2Ï] = |[211].
They suggest that the partial dislocations can transfer to adjacent slip 
planes because the size of the core of the dislocations is equal to the 
magnitude of the separation of the {111} planes.
This model was suggested for fee metals so no consideration was made for the 
situation where the core atoms of the dislocations can be different as is 
the case in GaAs and GaAlAs, It is therefore more difficult to compare the 
results directly with this model than for the Pirouz one. This mechanism may 
be able to produce microtwins in the regions of high stress around the 
indentation but it does not seem able to suggest a reason why only one type 
of twinning partial dislocation is seen. There seems no reason why the slip 
dislocations which initiate the microtwins should be of a single core atom 
type nor why solitary twins are mainly seen.
7.4.3 SUMMARY OF MICROTWINNING MECHANISMS.
Of the two mechanisms considered that of Pirouz seems to fit the results 
better. The mechanism put forward by Lefebvre and Vanderschaeve [60], see 
section 2.8.1, for the formation of a microtwin with Ga^  ^ twinning partials 
in n-doped GaAs has not been considered since their method of determining 
the core atom of the partials appears to be doubtful and they have suggested 
no mechanism for the creation of a faulted region on consecutive slip 
planes.
A number of points concerning the Pirouz model remain unanswered. Pirouz 
suggests that as the screw dislocation cross-slips it should leave behind a 
pair of trailing screw segments. No such screw segments have been imaged. 
Neither a partially completed faulted loop nor the dislocation that 
initiates the twin have been seen. You might expect to see these features in 
much smaller microtwins where the complete faulted loops would be visible.
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No very small microtwins have been imaged. This suggests perhaps that the 
formation of microtwins consists of an initiation followed by dynamic 
formation. Single extended stacking faults were seen in 30% n-doped GaAlAs 
but they were not part of a twin. In the annealed 30%A1 n-doped GaAlAs 
sample a dislocation was imaged on the expected cross-slip plane in addition 
to other dislocations that did not have the expected Burgers vector. This 
was an exceptional result from a specimen that was unlike the others 
examined since they were unannealed. It would therefore be incorrect to draw 
sweeping conclusions from this solitary result. A possible explanation for 
the lack of trailing screw segments and incomplete faulted loops is that 
they are in the crystal but so far below the indentation that they have been 
removed during the specimen preparation. Further experimentation would be 
needed to clarify this point.
7.5 CRACKING AROUND THE INDENT.
Warren et. al. [56] and Roberts et al. [58] have made a comprehensive study
of the indentation of (001) faces of n-doped GaAs. They found that 
asymmetrical cracking occurred along the <110> directions. Indentations made 
at 350 0 with a load of lOOg formed cracks in the ±[110] rosette arm where 
{111} planes with Ga atoms uppermost converge under the indentation. In the 
±[110] rosette arm which has {111} planes converging under the indentation 
with As atoms uppermost no cracks were seen. They found that at lower 
temperatures this crack asymmetry remained. Indents made at room temperature 
on the SI GaAs used in this study with a 25g load always had cracks along 
the ±[110] rosette arm but cracks were also seen intermittently in the 
±[110] arm. Cracking therefore occurs in an asymmetrical manner but in the 
opposite rosette arm to that reported by Warren et al.. At a 5g load no
cracks were seen parallel to either of the rosette arms although some
appeared along the <100> directions, Warren et al. also reported cracks of a
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similar nature. When TEM specimens were prepared from material indented with 
5g loads cracks were seen in the ±[110] rosette arm just like the 25g 
indentations. These cracks run parallel to the microtwins. In other TEM 
investigations of n-doped GaAs after indenting with a 5g load at room 
temperature, Hoche and Schreiber [55] and Lefebvre et al. [57], cracking
parallel to the microtwins was also seen. In n-doped GaAs the As (g)
dislocations are much faster than the Ga [33]. In the ±[110] rosette arm(g)
the jgj dislocations glide on converging slip planes under the indentation 
and there penetration into the material is limited by the formation of 
Lomer-Cottrell locks as dislocations on slip planes from either edge of the 
indentation intersect. In the ±[110] rosette arm it is the Ga (g)
dislocations that form the locks at the intersection of the converging slip
planes. The density of locked dislocations will be less in the ±[110]
rosette arm because of the lower velocity of the Ga dislocations. Hirsch(g)
et al. [61] have suggested that these Lomer-Cottrell locks can initiate
cracking. In the case of the 5g indentations this offers an explanation for
the appearance of cracks parallel to the ±[110] rosette arm. In the bulk 
specimen no cracks appear after indenting but when the specimen is thinned 
the residual stresses around the indentation mean that as the support from 
the bulk of material is removed the Lomer-Cottrell locks can initiate a 
crack in the ±[110] rosette arm. In the ±[110] rosette arm the pile up of 
dislocations on the converging slip planes is not so great and therefore no 
cracks are initiated.
Roberts et al. [58] have determined that the major slip planes for plastic 
deformation around an indentation on the (001) surface diverge from the edge 
of the indentation with the extra half-plane of the dislocations on the same 
side as the indentation gliding into the crystal, under the indentation the 
converging planes have the highest resolved shear stress. As explained above 
dislocations on the converging planes under the indentation cannot glide a 
great distance into the crystal because of locking due to the intersection
with dislocations on the other converging plane. No locking occurs on the
diverging plane so the penetration is determined by the lattice friction
stress. Roberts et al. report that the softest rosette arm has the fastest
dislocations gliding on the diverging slip planes, in the case of n-doped
GaAs these are As dislocations. These will glide on the diverging planes (g)
parallel to the ±[110] rosette arm. The ±[110] rosette arm will therefore
have the slower Ga dislocations gliding on the diverging planes and(g)
possibly leading to higher unrelaxed strains. The differences seen at room 
temperature as compared to 350°C may be due to climb at the higher 
temperature reducing the locking at the intersection of the converging 
planes under the indentation.
7.6 SUMMARY OF DISCUSSION.
In this discussion it has been shown that the geometry of the twinning 
dislocations in SI GaAs and n- and p-doped GaAlAs is due to glide of partial 
dislocations away from the indentation which means that the dislocations 
associated with the intrinsic overlapping stacking faults that form 
microtwins are the leading partials. Around the indentations the twinning 
dislocations are of one dislocation core type which is determined by the 
doping. This means that in a particular rosette arm either the convergent or 
the divergent slip planes will have the correct inclination to have 
dislocations with the correct core type atom and their extra half-plane on 
the same side of the fault plane as the indentation. For SI GaAs and n-doped 
GaAlAs the twinning partial dislocations were As^  ^ type while in p-doped 
GaAlAs they were G a t y p e .  For SI GaAs and n-doped GaAlAs the microtwins 
formed on diverging planes in the ±[110] rosette arms and converging planes 
in the ±[110] rosette arms and vice versa for p-doped GaAlAs.
Comparison of these results shows general agreement with other workers both 
in the images of microtwins that are seen and in the magnitude of the
Burgers vectors of the twinning dislocations. In the n-doped GaAlAs alloys 
and SI GaAs asymmetrical cracking was seen around the indentation with 
cracks usually running parallel to the microtwins. This asymmetry has been 
seen at higher temperatures but with the cracks running in the opposite 
rosette arm. None of the microtwinning mechanisms considered fits the 
results perfectly. The model put forward by Pirouz is able to offer the best 
explanation of the results. This suggests that the absence of dislocations 
of one core type is due to a velocity difference which matches the changes 
caused by the different doping. The A1 content seems to have little effect 
on the results. The locking of 15 dislocations reported by Yonenaga and 
Sumino [2 9] was for very low concentrations and does not seem to be 
occurring here since in the p-doped GaAlAs alloys the 15 dislocations are 
leading the overlapping stacking faults and are thought to be the faster 
dislocation type.
Similar experiments on 47%In n-doped GalnAs by Haswell, Bangert and Charsley
[65] have shown significantly different results with many microtwins in both 
rosette arms. Up to date the core atom type of the twinning dislocations is 
not known. Gottschalk et al. [5] have suggested that as the ionicity of 
III-V semiconductors increases the stacking fault energy decreases. The 
values for ionicity of InAs, GaAs and AlAs are 0.357, 0.310 and 0.274
respectively, calculated from spectroscopic data [11]. Gottschalk et al. 
determined the reduced stacking fault energy of InAs and GaAs as 30±3 and 
47±5meV/atom respectively, the stacking fault energy of AlAs was not 
determined. The smaller ionicity of AlAs suggests that its stacking fault 
energy should be greater by about 13meV/atom than GaAs using a simple linear 
extrapolation. For a 30%A1 GaAlAs specimen the change in the stacking fault 
energy should be about a third of this value i.e. about 4meV/atom while for 
47%In GalnAs the change should be about 8.5meV/atom. The stacking fault 
energy should be about 51 and 39meV/atom for the 30%A1 GaAlAs and 47%In 
GalnAs respectively. This indicates a possible reason for the different
1 Q Q-
patterns of microtwin occurrence in GaAlAs and GalnAs. As the stacking fault 
energy decreases the separation of the partials of a dissociated dislocation 
will be greater and the elastic force required to increase the separation 
will be less. The presence of relatively large numbers of single stacking 
faults in GalnAs supports this idea. From this analysis it should be easier 
to form microtwins in GalnAs than GaAlAs. Comparing the results from n-doped 
GalnAs and GaAlAs specimens this appears to be the case but there are likely 
to be additional factors involved such as the effect of the In on the 
velocities of the different dislocation types. To clarify these various 
effects further experimentation is needed.
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Figure 7.1, A table of all the results from the analysis of the Burgers 
vectors of the partial dislocations associated with microtwins in SI GaAs 
and the various compositions of GaAlAs. In every case the Roman-Greek type 
Burgers vector is shown.
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Figure 7.2. A Thompson tetrahedron opened up at corner D. The notation [110> 
is used, instead of the usual notation [110], to indicate the sense of the 
direction, (after Hirth and Lothe [8])
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Figure 7.3 (a&b) Schematic diagrams showing the slip planes and twinning
dislocations for microtwins in n-doped GaAlAs and p-doped GaAlAs
respectively. The results from SI GaAs have been included with those from
n-doped GaAlAs. The Burgers vectors, line directions, projected onto the 
(001), and slip planes from the table in figure 7.1 have been used in these 
diagrams. The bold lines represent the the intersection of the microtwins
with the top of the foil in the micropscope. The hatching in the twin
domains represents the projected line directions of the twinning
dislocations.
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(a)
diverging planes converging planes
(1) (2) (3) (4)
type of slip plane
(b)
position of slip plane relative to indent 
left right
diverging
converging
(1) AC 
(3) C
(2) C 
(4) AC
AC=anticlockwise
C=clockwise
Figure 7.4 (a) Plan and end elevations showing the two possible inclinations 
of the slip planes relative to an indentation. In the end elevation the 
arrows on the slip planes indicate the sense of the shear stress. (b) A
table listing the sense of shear stress for the four positions shown in (a). 
(After Roberts et al. [58] and [95])
sense of 
shear stress
Type of screw disloction
right-hand
u
left-hand 
<---- u
clockwise
anticlockwise
glide
y
y .
glide
y
glide
glide
y
Figure 7.5 Schematic diagrams showing the glide directions of left and 
right-hand screw dislocations for clockwise and anti-clockwise shear
stresses
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MT.
(a)
u=[011] (111) slip plane
: b=^[121]
MT.
y
u=[101]
W W W ///////
MT-
b=|[211]
b=|[211] ^  /////// W W W
u=[1013 
u=E0ÎÏ3
(111) slip plane b=|[121]
MT-
RH W W W
RH ///////
(b)
(c)
/////// LH
W W W  LH
LH W W W
RH /////// W W W LH
LH=left-hand screw 
RH=right-hand screw
Figure 7.6 (a) A schematic diagram showing the results of Lefebvre et al.
[57] . (b&c) Schematic diagrams showing the type of screw part of the
twinning dislocations relative to the indentation from the results of 
Lefebvre and this work respectively.
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(a)
51
X % Y
(b)
X
(c)
I I
(e)
Figure 7.7. Suggested mechanism by Pirouz [72] for the formation of 
microtwins.
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As atoms uppermost Ga atoms uppermost
(a)
±[110] rosette arms
(b)
±[110] rosette arms
Figure 7.8 (a&b) Diagrams showing the atom types on the diverging slip
planes in the ±[110] and ±[110] rosette arms respectively.
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CHAPTER 8 .
CONCLUSIONS AND FUTURE WORK
The TEM examination of indentations in n- and p-doped GaAlAs of various 
compositions has shown that the occurrence of microtwinning is dependent on
the type of doping rather than the A1 concentration. Samples of n-doped,
18 -3SisiO cm , GaAlAs with concentrations of 20, 24 and 30%A1 had microtwins
in the ±[110] rosette arm only. These were formed from overlapping stacking
faults which were all intrinsic in nature. The twinning partiale were 30°
A s t y p e  dislocations on [111} slip planes that converge under the
indentation. In SI GaAs and 10%A1 n-doped, SisiO^^cm GaAlAs microtwinning
occurred in the ±[110] rosette arm with similar characteristics as the other
concentrations of n-doped GaAlAs. In all the specimens examined, other than
p-doped GaAlAs, microtwinning in the ±[110] rosette arm was only seen twice,
once in SI GaAs and once in 10%A1 n-doped GaAlAs. These had intrinsic
stacking faults and 30° As ^  ^ twinning partial dislocations on the {111}
slip planes that diverge from the edge of the indentation.
18 -3In the p-doped, ZnSlO cm , GaAlAs with concentrations of 16.5 and 30%A1
microtwinning occurred frequently in both rosette arms. The stacking faults
forming these twins were intrinsic in nature and the twinning partials were 
30 type. In the ±[110] rosette arm the fault planes diverge from the
indentation while in the ±[110] arm they converge under the indentation.
All the twinning partials had their extra half-plane on the same side of the 
slip plane as the indentation. Consideration of the screw part of these 
mixed dislocations shows that the dislocation geometry is consistent with 
glide of the twinning dislocations away from the indentation. The occurrence 
of microtwinning shows a two fold rotational symmetry around the axis of the 
indentation. All the microtwinning seen in the plan view TEM specimens
occurred at the edge of the indentation and parallel to the <110>
directions. From this it is concluded that there is a single mechanism for
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twin formation which requires certain initial conditions to be met in order
to operate. As the type of doping is changed the positions around the
indentation where these conditions are met changes and so the occurrence of
microtwinning is affected. This leads to the patterns seen in the results:
intrinsic stacking faults and the fastest dislocation type at the end of the
microtwin furthest from the indentation. It is not possible to suggest a
particular model for the formation of microtwins. The mechanism for
microtwin formation suggested by Pirouz [72], [73] fits the results but no
direct evidence of the pole dislocation at the centre of the Pirouz
mechanism has been found. This is possibly due to the pole dislocation being
so far below the indentation surface that it has been removed during
specimen preparation. For this reason examination of the region below the
indentation would be of great interest. This could be achieved by removing
some of the indented surface possibly by ion-beam milling prior to
chemically thinning from the substrate side. The Pirouz mechanism requires
the fastest dislocation type to be the leading dislocations. This can
explain why the twinning partials were the fastest dislocation type, namely
As and Ga in n- and p-doped GaAs respectively.(g) (g)
The effect of temperature on the dislocation mobility is very marked. This 
work has concentrated on deformation at room temperature it would therefore 
be of interest to extend the temperature range. At higher temperatures in 
GaAs microtwinning occurs less frequently [44] and the plastic deformation 
is controlled more by glide loops and screw dislocations. At higher 
temperatures it might therefore be possible to study the glide dislocations 
in more detail. In this work the glide dislocations were either concentrated 
very close to the indentation and therefore impossible to image or were 
further from the indentation but tended to glide under the influence of the 
electron beam. Closer examination of the glide dislocations around the 
indentation might also help to clarify how microtwinning initiates by
determining the primary slip planes and types of the glide dislocations.
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Indentations made at higher temperatures could also help to clarify the
change in asymmetrical cracking direction seen at room temperature and 
350°C.
Indentation tests, although very easy to carry out, have a complicated 
stress system associated with them. The use of a single slip compression 
test enables the resolved shear stresses to be calculated. At room 
temperature an hydrostatic stress must be applied in addition to the
compressive stress. This leads to complications in the experimental method 
but the knowledge of the shear stress would make interpretation of the 
results easier, particularly the glide direction of dislocations.
The continuation of deformation type tests to expand the study of plastic 
deformation in these materials is one route for future work. A different 
path that could be taken is the examination of the electrical effects of the 
different types of dislocations in these materials. Examples of other types 
of experimental technique that could be used are photoluminescence, deep 
level transient spectroscopy and electron beam induced current. The 
asymmetrical dislocation configurations around the indentations could be 
used as a route to examine the different dislocation types.
The addition of A1 to GaAs seems to have little effect except possibly when 
10% is added. Further investigation of 10%A1 n-doped GaAlAs and SI GaAs is 
required to decide whether the occurrence of microtwinning in the ±[110] 
rosette arm in these specimens was due to some abnormal situation or whether 
it was a rare but continuing feature. To further clarify these results 
examination of p-doped samples and n-doped GaAs would be helpful. 
Examination of a GaAlAs specimen with a higher A1 concentration would enable 
further investigation of the effect of A1 on the stacking fault energy since
at 30%A1 the changes caused by the lower ionicity were about the same size
as the errors in the measurements of stacking fault energy. A 50%A1 GaAlAs 
sample would overcome this problem. As well as further examination of GaAlAs 
the work already done on GalnAs [65] could usefully be expanded to determine
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the inclination of the fault planes and the core atom types of the twinning 
partial dislocations for various concentrations of In and different types of 
doping. The significant effect that the doping type has had on the 
occurrence of microtwinning around indentations in GaAs and GaAlAs seen in 
this work appears to be an electronic effect rather than an interaction 
between solute atoms and the dislocation cores.
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APPENDIX I
The Projected width ratio for a {111} plane as it is tilted from a <001> 
to a <114> zone axis.
[1141
/1\rooTi
(111)
(114)
001
PW
114
The diagram shows a projection normal to the [110] of the (111) and (114)
planes in a microscope foil. The foil has been tilted so that the [114] zone
axis (z) is vertical. From the diagram it is apparent that the projected
width when z=[114], PW^^-f of the (111) plane on to the (114) plane is:
PW -=Wcos0 114
where W is the width of the (111) plane in the foil and 0= ( 1 1 1 ) (114) . 
Using the dot product for an orthogonal system:
(111) . (114)CO30=
I 111 I 1114 
60=COS -1 / i8  v'a
0=35.3
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The projected width when z==[OOÏ], of the (111) plane on to the (001)
plane is :
PW -=Wcosw 001
where w= ( 1 1 1 ) (001) . Using the dot product for an orthogonal system:
(111).(00Ï)COSO)=- lli| I 0011
w=cos ^
w=54.7°.
The ratio of the projected widths is therefore:
PW - Wcosw 001
PW - WcosG114
cos54.7 
cos 35.3
=0.70 to 2 d.p,
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